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 Although bulk-metallic glasses (BMGs) exhibit low ductility and brittleness at 
room temperature, large plasticity can be achieved when the feature size is small. 
Therefore, metallic glasses in a small volume can be exploited in designing components 
as thin films for structural applications.  
 Magnetron-sputtering process was utilized to prepare multi-component metallic-
glass thin films on various substrates, including a 316L stainless steel, a Ni-based 
superalloy, and a Zr-based alloy. The microstructures of the as-sputtered thin films, 
including Zr-based, Cu-based, and Fe-based films, were identified to exhibit an 
amorphous matrix with nanocrystalline phases. Nanoindentation and microscratch studies 
of the Zr-based films show a high hardness and good film adhesion. The compressive 
residual stress in the 200 nm-thick Zr-based film was measured to be 2.4 GPa by a slit 
method.  
 The effects of the metallic-glass films on the fatigue resistance of different 
substrates were investigated by four-point-bend fatigue experiments. Results indicated 
that the Zr- and Cu-based metallic-glass films could deliver marked improvements in 
terms of the fatigue life and fatigue-endurance limit. The thicker film could improve the 
fatigue resistance more significantly. However, the applications of TiN films, pure Cu 
films, and Fe-based metallic films could not improve the fatigue resistance of the steel 
substrate. When the Zr-based metallic-glass films were applied to the Ni- and Zr-based 
alloys, the fatigue resistance of the substrates could also be improved. The fatigue 
resistance of steels coated with the Zr- and Cu-based films was investigated by tension-
tension fatigue experiments. Results indicate that neither films could improve the fatigue 
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resistance of the steel, which may be related to the poor tensile ductility of metallic 
glasses.  
 Fractographic and transmission electron microscopy (TEM) studies showed that 
intrusions and extrusions normally formed at persistent slip bands on free surfaces could 
be suppressed by the metallic-glass thin films. The fatigue-resistance enhancement is 
mainly due to the lifetime extension during the fatigue-crack-initiation process. For the 
metallic-glasses films which could enhance the fatigue resistances of different substrates, 
their good interfacial adhesion with the substrates, high strength and hardness, improved 
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1     INTRODUCTION 
 Metallic glasses, also called amorphous metals or glassy metals, are fabricated by 
rapid solidification from gas or liquid phases, through bypassing the crystallization 
processes [1,2]. With the absence of the long-range periodicity and related grain 
structures, metallic glasses exhibit excellent physical, chemical, and mechanical 
properties [1,2]. The outstanding mechanical properties of metallic glasses, including 
high strengths, large elastic limits, as well as good fatigue and corrosion properties, make 
metallic glasses good structural material candidates [3]. In the early years, the 
requirement of extremely high cooling rates (105 - 106 K/s) resulted in the fabrication of 
metallic glasses in the form of wires, powders, and ribbons. Over the last decade, 
significant advancements have been made in exploring multicomponent metallic-glass 
alloy systems with substantially high glass-forming ability (GFA), which resulted in the 
development of numerous metallic-glass systems [1,2]. Since the required critical cooling 
rates can be as low as 1 K/s, metallic glasses can be produced using conventional casting 
techniques, and the material size can be as large as millimeters or even centimeters, 
therefore, they can be called bulk metallic glasses (BMGs) [1,2]. This progress makes the 
structural applications of metallic glasses become a reality.  
 At low temperatures and high strain rates, the plastic deformation of BMGs is 
inhomogeneous and is usually localized in narrow shear bands [4-6]. The excessive 
propagation of major shear bands leads to the catastrophic failure. The attendant 
brittleness and low ductility at room temperature severely limits the engineering 
applications of BMGs [4-6]. Exhaustive efforts have been made to improve the plasticity. 
Recent results indicate that metallic glasses will undergo homogeneous deformation 
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when the feature size is below a submicron scale or when they are deformed under 
constraint conditions [7-16]. The shear-band instability will be suppressed and large 
plasticity can be achieved. This trend is a strong indication that metallic glasses in a small 
volume can be exploited in designing components for microelectromechanical systems 
(MEMS), thin films, foam materials, and crystalline-amorphous composites [11,15]. For 
instance, metallic-glass thin films have been studied as nano-scale patterning materials 
and the alloys for MEMS devices [17-19]. 
 Because of the improved mechanical properties due to size effects, and/or good 
magnetic properties, and/or good fatigue/corrosion/wear resistances, metallic-glass thin 
films may open new application fields for metallic glasses. It is expected that the 
appealing suite of properties will improve the surface performance, such as the fatigue 
resistance of the structural substrates. In this research, the magnetron-sputtering process 
will be utilized to prepare multi-component metallic-glass thin films on structural 
materials. The deformation behavior of the thin films under constraint from the 
film/substrate interface will be explored. The effects of the metallic-glass thin films on 
the fatigue resistance of different substrates and the corresponding deformation/failure 
mechanisms will be investigated, with the focus on the interaction between the substrate-







2     LITERATURE REVIEW 
2.1 Development of metallic glasses 
 Metallic glasses were first synthesized at the California Institute of Technology 
(Caltech) by Duwez, using a rapid-solidification technology almost fifty years ago [20]. 
In order to avoid crystallization of the Au70Si30 [atomic percent (at.%)] alloy, an 
extremely high cooling rate (on the order of 106 K/s) was applied. Since at least one 
dimension of the alloys needed to be small enough (on the order of micrometers) to 
achieve such high cooling rates, the early metallic glasses were generally manufactured 
in the form of wires, powders, and ribbons. At the same time, the rapid quenching 
techniques allowed for the fabrication of glassy alloys in many alloy systems [21,22]. 
 Turnbull and Chen developed many metallic-glass systems with lower critical 
cooling rates, and tried to understand of glass-forming ability (GFA) [23,24]. The critical 
casting thickness of amorphous Pd-Cu-Si alloys that they developed can be as large as 
several millimeters, with critical cooling rates down to 102 K/s and 103 K/s [23]. Turnbull 
also proposed a measure of the glass-forming ability (GFA) of different alloy systems. 
The so-called reduced glass-transition temperature (Trg) was defined as the ratio of the 
glass transition temperature (Tg) to the melting temperature (Tm), and is still used as an 
index to measure the GFA of many alloy systems [24]. 
 Starting from the late 1980’s, Inoue’s group at Tohoku University started 
systematic investigations on the GFA of various multi-component alloy systems, 
including Zr-Al-Ni-Cu, Mg-Y-Ni-Cu, and La-Al-Ni-Cu systems [25-27]. The exceptional 
GFA allowed for the casting of the alloy melt into water-cooling Cu molds with critical 
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casting thicknesses of several millimeters. At the same time, Johnson’s group at Caltech 
conducted numerous studies on the Zr- and Ti-based alloy systems [28]. Among those 
alloys, the Zr41.2Cu12.5Ni10Ti13.8Be22.5 which is know as Vitreloy 1, exhibited a very low 
critical cooling rate of 1 K/s. Since then, significant advancements have been made in 
exploring multicomponent metallic-glass alloy systems with substantially high GFA. 
Numerous metallic glasses have been developed, including Zr-, Ni-, Ti-, Mg-, Cu-, Al-, 
Fe-, La-, and Pd-based alloy systems [28-35]. These new materials can be prepared as 
large as 1 mm or more in thicknesses, and thus, are commonly called bulk-metallic 
glasses (BMGs), bulk amorphous alloys (BAAs), or bulk amorphous materials (BAMs). 
Since the required critical cooling rates can be as low as 1 K/s, the BMGs can be 
produced using conventional casting techniques, and the sizes can be as large as 
millimeters or even centimeters [2,3]. This progress makes the structural applications of 
metallic glasses become a reality.  
2.2 Mechanical behavior of metallic glasses 
 Due to the amorphous microstructure, metallic glasses exhibit novel and attractive 
mechanical properties, including high strengths and hardness, low elastic moduli, good 
impact toughness and fracture toughness [1,2]. Depending on the deformation conditions, 
BMGs can deform homogeneously or inhomogenously under monotonic loading 
[4,14,36-37]. Homogeneous flows occur at low strain rates and high temperatures. 
During the homogeneous deformation, each volume element in the samples 
accommodates the same plastic strain, exhibiting significant plasticity [14]. In the 
supercooled liquid region (SCLR), the deformation of BMGs can be either Newtonian or 
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non-Newtonian viscous flow, depending on the strain rate [37,38]. The non-Newtonian 
behavior is sometimes attributed to the stress-induced nanocrystallization [37]. The 
viscous flow and the corresponding superplasticity will facilitate the manufacturing of 
BMGs components through a thermo-plastic forming (TPF) technique [39]. 
 The plastic deformation of BMGs at low temperatures and high strain rates is 
inhomogeneous and is usually localized in narrow shear bands [40]. The formation of 
shear bands affects the macroscopic plastic-flow behavior substantially. The formation of 
individual shear bands manifest itself as a serrated plastic flow, which can be widely 
observed in various loading modes, such as compression, bending, tearing, and 
nanoindentation [41-44]. The serrated plastic flow in metallic glasses is highly dependent 
on strain rates. Recent research shows that increasing strain rates promotes the transition 
from the inhomogeneous to homogenous deformation modes, suggesting a new 
homogenous deformation regime at high strain rates in the deformation map of bulk-
metallic glasses [36].  
 The monotonic fracture behavior of metallic glasses is directly affected by the 
loading modes. Upon tensile loading, the plastic deformation is severely limited in shear 
bands so that metallic glasses usually fail catastrophically on major dominant shear bands 
with negligible global ductility. During compression, metallic glasses fail in an elastic, 
perfectly plastic manner by the generation of multiple shear bands. The fracture angles 
between the loading axis and the shear plane are different for tensile and compressive 
loading conditions, smaller than 45° for compressive loading and larger than 45° for 
tensile loading, as shown in Figure 1 (all figures are located in Appendix II) [45,46]. This 
trend indicates that the deformation and fracture of metallic glasses do not necessarily 
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occur along the maximum shear-stress plane under tensile or compressive loading. The 
yield behavior of BMGs follows a Mohr–Coulomb criterion rather than the von Mises 
criterion [45]. The distinct mechanical behaviors of metallic glasses under different 
loading conditions are directly related to the shear-band nucleation, propagation, 
interaction, and constraint. The shear softening and shear localization are believed to 
result from the viscosity decrease in shear bands [5]. Some researchers [41] believe that 
the viscosity in the shear bands decreases due to the formation of free volumes, while 
others relate the viscosity decrease to the local adiabatic heating.  
 In spite of the macroscopic brittleness, BMGs do exhibit great local plasticity and 
high toughness [6]. A shear band in BMGs may accommodate 100% - 1,000% of plastic 
strain [47], which is even superior to crystalline metals at room temperature. Nevertheless, 
the number of shear bands developed in unconstrained deformation is very small, and, 
thus, the macroscopic plasticity is very poor. In order to improve the mechanical 
properties, especially the plasticity of BMGs, various methods have been explored, 
including the introduction of geometric constraints [48,49], the reinforcement by nano- 
and micro-particles and/or phases [50-52], or relating the intrinsic plasticity to the ratio 
between the shear and bulk moduli or Poisson’s ratio [6]. The basic idea is to induce the 
multiplications of shear bands, which serve as the plasticity carrier. For example, large 
plastic strains up to 80 % have been observed in the compression of geometrically-
constrained BMGs with a low aspect ratio [height/diameter (h/d)] of 0.5, compared to 
only 2 % for unconstrained samples with an h/d ratio of 2, as shown in Figure 2 [7,53]. 
During the bending of metallic-glass thin plates, the decrease of the shear-band spacing 
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and shear offset with decreasing the plate thickness also corresponds to the increased 
bending ductility, as exhibited in Figure 3 [8]. 
2.3 Size effects on mechanical behavior of metallic glasses 
 Size effects on the mechanical behavior of materials were first studied 
systematically by Griffith more than eighty years ago [54]. He attributed the decrease of 
the breaking strength of the glass fibers with the increase of the fiber diameter to the 
presence of discontinuities or flaws. Griffith’ flaw hypothesis gave a solid explanation of 
the size effects and laid down the foundation on the fracture theory of solids. With the 
developments of the new materials, size effects have been widely observed in traditional 
polycrystalline materials, single crystals, nanocrystalline materials, and thin-film 
materials [55]. Extensive investigations on size effects have been conducted among the 
physics, solid-mechanics, and materials-science communities, due to the importance of 
size effects for both scientific studies and potential applications [55]. Size effects can be 
defined as a change in mechanical properties that are due to the change in either the 
dimensions of an internal feature or structure or in the overall physical dimensions of a 
sample [56]. For crystalline materials, plastic deformation in small volumes requires 
higher stresses than are needed for the plastic flow of bulk materials, indicating a trend 
that smaller is stronger [57]. Taking the indentation-size effects as an example, Nix et al. 
attributed the size effects at the micrometer scale to the hardening associated with strain 
gradients and geometrically-necessary dislocations. Indentation-size effects at the 




 Compared with the comprehensive studies on the size effects of crystalline metals, 
size effects on the mechanical behavior of metallic glasses have just emerged, although 
they were first observed in thin wires or foils of amorphous metals more than fifteen 
years ago. With the rapid development and wide application of the focused ion beam 
(FIB) for sample preparation, extension of nanoindentation for mechanical testing, and 
TEM for in-situ observation, the size effects in metallic glasses have received renewed 
interest among researchers in recent years [7-13,15,56]. It is generally believed that size 
effects in amorphous metals are caused by size constraints on the shear-band formation 
and propagation [9]. However, the size effects in amorphous alloys can be attributed 
more specifically to the interplay between the reduced sample dimensions and the sizes 
of shear-transformation zones (STZs), embryonic and mature shear bands, based on the 
different intrinsic material length scales [15]. These intrinsic length scales play important 
roles in the plastic deformation at room temperature. The individual STZ, which is the 
basic unit of the plasticity ‘carrier’ in metallic glasses, operates stochastically and 
independently during the initial plastic deformation [10]. Each STZ involves the 
collective motion of a few to one hundred atoms, and thus, its volumetric size is on the 
order of ~ 1 nm3. With increasing the plastic deformation, a few STZs cluster form 
embryonic shear bands (ESBs) [4]. When the size of the embryonic shear bands grows 
above a critical value upon further plastic strain, mature shear bands initiate and 
propagate subsequently in an autocatalytic way [12]. Severe plastic deformation is 
localized in these mature shear bands, rendering the metallic glasses with limited 
plasticity before the catastrophic failure [47]. Based on the deformation-scale levels and 
the underlying deformation mechanisms of metallic glasses, size effects can be 
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categorized as geometric size effects at a micron scale or above, and physical size effects 
at a nanometer scale. At the micron scale or above, the size effects are controlled by the 
initiation and propagation of the mature shear bands, and the interactions between the 
mature shear bands with the geometric or microstructural constraints [4,12]. While on the 
nanometer scale, which is below an intrinsic length scale, individual STZs and local 
redistribution of free volumes mediate multiple atomic-level shear events, rendering a 
homogeneous deformation in the amorphous alloys [4, 9-12]. 
2.3.1. Geometric-size effects 
 Although there is no microstructure in the monolithic amorphous alloys, the 
volume consisting of 10 to 100 atoms, which are associated with the STZ activity, is 
generally believed to be the intrinsic structural length scale of the system [4]. The 
specimen size in the traditional mechanical testing is much larger than this length scale, 
and the shear localization introduces another length scale to the plastic deformation of 
amorphous alloys, which is the size of shear bands. The shear-band spacing, shear offset, 
and their connection with the macroscopic strength and plasticity are manifested as size 
effects on the mechanical behavior [4]. When the amorphous alloys is deformed under 
bending, nanoindentation, rolling, and compression with low aspect ratios, geometrical 
constraints will be introduced to affect the shear-band initiation and propagation, 
exhibiting obvious specimen-size effects. 
2.3.1.1 Geometric-size effects at a millimeter scale 
 Thin wires or foils of metallic glasses exhibit good bending ductility, while the 
same materials with larger thicknesses fracture immediately upon bending, indicating a 
strong size effects [47]. Bending is a test with constrained geometries where shear bands 
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are produced consecutively to accommodate increments of applied strain. When the 
bending stress is increased beyond the yielding point, the first shear band initiates, 
indicating the onset of the plastic deformation. The continued bending leads to the 
formation of more shear bands. The series of shear-banding events produces a spatial 
distribution of shear bands on the specimen surface, with a characteristic spacing [4]. 
Conner et al. [8] studied the relationship between the shear-band spacing and the 
specimen thicknesses as shown in Equations (1) and (2), where λ is the shear-band 
spacing, Δumax the maximum shear-offset spacing, γ is the Poisson’s ratio, κ the arbitrary 
curvature, κy the yield curvature, and h the half of the sample thickness. It was found that 
the shear-band spacing is proportional to the characteristic specimen size, as shown in 
Figure 4 [49]. The increase of the shear-band spacing was due to the strain relaxation in 
the vicinity of the shear band at the surface. The shear displacements in the shear band 
scale with the shear-band length and the plate thickness, causing cracks to be initiated in 
thicker plates at small bending strains. The crack initiation and propagation in shear 
bands needs a critical shear offset. When the thickness of a specimen under bending is 
small, more shear bands will be formed. With the plasticity distributed among more shear 
bands, the resulting shear offsets may be insufficient to initiate cracks. Consequently the 
specimen shows greater plasticity.  
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 Under uniaxial compression, the sample’s aspect ratio [height (h)/diameter (d) 
ratio] will affect the ductility of amorphous alloys [7,53,58]. Jiang et al. [53] investigated 
the effect of the aspect ratios on the ductility of the cylindrical Zr52.5Cu17.9Ni14.6Al10Ti5 
BMG in the quasistatic compression test. It demonstrated that the aspect ratio has a 
substantial effect on the BMG’s ductility. When the aspect ratio is larger than 0.75, the 
samples exhibit poor ductility with a plastic strain less than 2 %. When the aspect ratio is 
equal to or less than 0.75, the samples show excellent plastic strains. Figure 2 shows the 
engineering stress-strain curves of the BMG’s samples with various h/d ratios at a strain 
rate of 3.9 × 10-3 s-1. The large plastic strain can be clearly observed on the samples with 
small aspect ratios. Zhang et al. [58] studied the effect of the aspect ratios on the ductility 
in the quasistatic compression of a cylindrical Zr59Cu20Al10Ni8Ti3 BMG. They found that 
with the decrease of aspect ratios, the ductility monotonically increases and the yield 
strength is independent on aspect ratios. When the aspect ratio is larger than one, very 
low ductility (< 0.5 %) can be observed. However, high ductility (> 18 %) can be 
obtained when the aspect ratio is smaller than one. Bei et al. [7] systematically 
investigated the effect of the aspect ratios (0.45 ~ 2) on the ductility of a cylindrical 
Zr52.5Cu17.9Ni14.6Al10Ti5 BMG under compression, with strain rates ranging from 10-6 s-1 
to 4 × 10-1 s-1. They also observed the improved plasticity with the decrease of the aspect 
ratio at low strain rates. However, they found that high strain rates would worsen the 
ductility even for the samples with low l/d ratios. 
 Jiang et al. and Bei et al. [7,53] attributed the high ductility to the mechanical 
constraints from platens. The observations on the fracture surfaces and side surfaces of 
the deformed specimens indicate that the deformation and fracture are approximately 
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along the maximum shear-stress direction, with several degree deviations from that 
direction [7,53]. This trend indicates that the fracture behavior under compression follow 
a Mohr–Coulomb yield criterion, instead of the von Mises criterion [45]. The deviations 
can be attributed to a combined effect of the normal stress and shear stresses on the 
fracture plane [45]. For the specimens with the higher h/d ratios, the shear bands can 
operate across the free side surfaces of the specimens without any barriers. However, for 
the specimens with lower aspect ratios, the shear bands stop at the interfaces between the 
upper and lower surfaces of the specimens and the platens. The platens can prevent 
effectively the excessive propagation of individual shear bands, resulting in the 
multiplication of shear bands.  
 Zhang et al. [58] suggested that the lateral stress induced from the friction 
between a sample and platens imposes an effective constraint for shear bands in the 
samples with low aspect ratios, consequently, resulting in high ductility. The compressive 
plasticity and the formation of multiple shear bands are strongly affected by the aspect 
ratio of the BMG samples. During compression, besides the uniaxial stress, there is often 
a lateral stress, L, induced by the friction between the ends of the samples and the 
crosshead of the testing machine. For samples with large aspect ratios, the lateral stress, L, 
acts only close to the ends of the sample. It plays only a minor role in determining the 
yield strength, the plastic deformability, and the shear fracture of the BMG samples. For 
samples with small aspect ratios, once the primary shear bands have formed, their rapid 
propagation will be difficult owing to the strong constraint imposed by the lateral stress. 
The constraint often causes a three-axial compressive stress on the samples and is easy to 
induce the formation of multiple shear bands.  
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 Compared with the uniaxial compression study on the BMGs with different aspect 
ratios, Huang et al. [59] investigated the mechanical behavior of the Ti40Zr25Ni3Cu12Be20 
BMG with different diameters but the same aspect ratio of 2. They found that a small size 
sample gave enhanced plasticity, but low strength, as shown in Figure 5. They attributed 
this “smaller is softer” trend to the fact that the smaller-size specimen contains a larger 
amount of heats of relaxation and crystallization due to a faster cooling rate, favoring the 
preferential nucleation of shear bands and, thus, allowing enhanced plasticity upon 
compressive loading [59]. 
 Nanoindentation is also widely used to study the mechanical behavior of 
amorphous alloys. Steenberge et al. [60] studied the indentation-size effects of 
Zr58.5Ti8.2Cu14.2Ni11.4Al7.7 amorphous alloys. They observed the reduction of strength with 
the increase of the applied loads, as shown in Figure 6. They ascribed the indentation size 
effects to the interplay between the reduction and creation of free volumes during 
deformation. The production of free volumes is more pronounced for a larger maximum 
applied load. Larger free-volume concentrations bring about enhanced mechanical 
softening and, concomitantly, more pronounced indentation-size effects. 
2.3.1.2 Geometric-size effects at a micrometer scale 
 For the mechanical-behavior study using millimeter-sized samples, the scale of 
the specimen is much larger than the intrinsic scale of amorphous alloys, and, thus, 
complications due to size-related constraints on the deformation mechanism are not 
expected [4]. With the wide application of FIB for the sample preparation, extension of 
nanoindentation for mechanical testing, the mechanical behavior of amorphous alloys at 
micron scale can be studied systematically. FIB is used to machine cylindrical 
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compression samples into the surface of a bulk crystal, leaving the samples attached to 
the bulk at one end. Samples can be prepared in the size range from 0.5 to 40 μm in 
diameter and with an aspect ratio ranging from 2:1 to 4:1. Once prepared, the samples 
will be tested using a conventional nanoindentation device outfitted with a flat-punch 
indentation tip [56]. Due to their simplicity and ease of operation, FIB-based micro-
compression tests have been widely utilized to study the mechanical behavior of various 
materials in a small volume, and to probe the size effects in amorphous alloys. 
 Lai et al. [61] conducted micro-pillar compression tests on the Zr63.8Ni16.2Cu15Al5 
amorphous alloys and noticed an increase in the strength with decreasing the sample size. 
The apparent yield strength of the micropillars ranges from 1,992 to 2,972 MPa, or 25 ~ 
86% increase over that of the bulk specimens. Lee et al. [62] studied the 
microcompression of Mg65Cu25Gd10, and found that the apparent yield strength of the 
micropillars was 1,342 ~ 1,580 MPa, or 60% ~ 100% increment over the bulk specimens. 
They both attributed the observed increase of the strength to be a result of reducing the 
population of critical flaws in test samples. At all sizes, a plastic flow is localized in shear 
bands, which are accompanied by sudden strain bursts in the microscale tests. With the 
decrease of the pillar diameter and strain rates, the shear-band numbers decrease. For 
brittle materials, the variability of their strength is expected to be based on their flaw 
sensitivity and can be analyzed using the Weibull statistics. As shown in Equation (3), Pf 
is the fracture probability, σ0 is a scaling parameter, m is the Weibull modulus, σu is the 
stress at which there is zero fracture probability, and V is the volume of the tested sample. 
An increase in the strength with decreasing the sample size appears to be a result of 
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reducing the population of critical flaw in test samples. With the decrease of the testing 
volume, the probability of failing a sample will decrease.  






















σσ     (3) 
 Schuster et al. [63] did the micro-compression study on the Pd40Ni40P20 
micropillar and compared the mechanical behavior with the bulk samples. They found 
that amorphous Pd40Ni40P20, specimens with diameters smaller than 10 μm are only 
slightly stronger than their bulk counterparts. At all sizes, plastic flow is localized in 
shear bands, which are accompanied by sudden strain bursts in the microscale tests. 
Permanent deformation is accompanied by the initiation and propagation of multiple 
shear bands, and continued deformation results in a relatively planar fracture surface. 
This trend suggests that the difference in the specimen-size scale does not affect the 
fundamental mechanism of deformation. They ascribe that the slight increase in the yield 
strength to the effect of defects on the shear-band initiation.  
2.3.2 Intrinsic-size effects  
 Although the microcompression study on the micropillars of amorphous alloys 
can be conducted sometimes at submicron scales, the deformation mechanism may not 
change. The size effects can be related to the geometrical constraints on the nucleation 
and propagation of shear bands. When the size of crystalline metals is at the nanometer 
scale, the size effects involve the concepts of the dislocation-starvation mechanisms. 
When the deformation of amorphous alloys is down to a nanometer scale, will it be 
possible that the formation of shear bands can be eliminated? If that is the case, what will 
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be the deformation mechanism of the nanometer-sized amorphous alloys? Several recent 
studies showed that homogeneous deformation will be the deformation mechanism when 
the size of the amorphous alloys is smaller than a critical length scale [9-13], which also 
matches with some simulation results [12]. 
 Guo et al. [11] used an in-situ tensile test in a transmission-electron microscope 
(TEM) and found radically different deformation behavior for a monolithic 
Zr52.5Cu17.9Ni14.6Al10Ti5 amorphous alloy with dimensions of the order of 100 nm. During 
the tensile loading with a strain rate of ~ 5 × 10−4 s−1, the nanometer-sized sample 
uniformly elongated to a strain of 15%. Once a shear band initiated, the strain increment 
is realized by the stable growth of the shear offset, accompanied with the narrowing and 
growth of a necked region. A total tensile strain was finally obtained to be 45% with a 
large area reduction ratio in the necking area. It is clear that the large strain was not 
achieved through the formation of multiple shear bands as in macroscopic samples under 
constraint conditions. The high-resolution TEM (HRTEM) indicated that crystallization 
was never induced in the heavily-strained necked region. The plasticity comes entirely 
from the flow of the monolithic glass, different from the deflection and branching of 
shear bands due to surrounding nanocrystals as suggested previously for the compressive 
plasticity observed in some metallic glasses. 
 Shan et al. [10] performed in-situ nanocompression in a TEM on the  pillar 
samples with dimensions of a few hundred nanometers. It was found that plastic strains 
can be intrinsically large without brittle failure, provided that catastrophic instabilities are 
suppressed via confinement due to the sample size and geometry. Because the sample 
size effects on the flow carrier and/or defect dynamics, there can be no shear bands at all, 
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or the shear bands formed are at least not as excessively energetic and threatening as in 
macroscopic samples. The in-situ nanocompression is able to obtain time- and spatially-
resolved quantitative measurements. Figure 7(a) shows the load-displacement curve 
during the nanocompression. Many displacement bursts could be observed with the 
largest one being ~ 15 nm. The displacement bursts appearing in the macroscopic 
compression of amorphous alloys is also shown in Figure 7(b) for comparison. By 
comparing the displacement burst shown in the macroscopic compression and nano-
compression samples, it is clear that the displacement burst in the former is around 
several microns, much larger than the ones in the latter. Therefore, it can be concluded 
that the displacement burst is corresponding to different plasticity carriers at different 
length scales. The displacement burst shown in the macro-compression test is clearly 
related to the individual shear bands. Each burst is a relaxation event associated with the 
formation of a shear band, registered as a displacement burst under a load-control 
condition [4]. For the nanocompression experiment, the displacement burst may be due to 
a group of STZs and more than one local unit shear event [10]. 
 Volkert et al. [9] performed uniaxial compression tests on the micron-sized or 
nano-sized columns of amorphous Pd77Si23. If the diameters of the columns are larger 
than 440 nm, the columns will exhibit an elastic deformation until they yield, with shear 
bands forming on a plane at 50° to the loading axis. However, the 440 and 140 nm 
diameter columns show a homogeneous deformation near the column tops without the 
shear-band formation. The deformed column tips are larger than the undeformed regions, 
which is the evidence of strain softening during the homogenous deformation. Figure 8 
shows the summary of the flow stresses at a 5% plastic strain for all of the columns tested. 
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A clear transition from the shear-band propagation to homogeneous deformation with 
shear softening is seen at a column diameter of 400 nm. The change in the deformation 
mechanism from the shear-band formation to homogeneous deformation with decreasing 
column size is attributed to a required critical strained volume for shear-band formation. 
By analogy with the crack propagation, a shear band can only propagate an incremental 
distance if the strain energy relief associated with the propagation is larger than the 
energy increment of the shear band. Based on this criterion, a minimum stress is required 
to raise the strain energy high enough to allow for the shear-band formation, shown as the 
solid line in Figure 8. 
2.3.3 Mechanistic understanding of size effects 
 The ‘‘size effects’’ described above with the involvement of shear-band formation 
is basically geometrical in nature. It is related to the geometrical constraints on the 
nucleation and propagation of shear bands. For constrained geometries, shear bands are 
produced in a consecutive series that sequentially accommodates increments of the 
applied strain. The process of shear-band operation is essentially a stress-assisted 
nucleation event that takes place at high stresses, where a local shear transition is first 
initiated. Once an event of sufficient magnitude has occurred, the local vicinity is 
softened, and continued deformation proceeds auto-catalytically, with strain partitioning 
to the shear band [4]. With the geometrical constraints, the propagation of individual 
shear bands will be suppressed, and the shear-band multiplication will be promoted. 
Therefore, the plastic strain will be distributed over many bands, and the onset of fracture 
might be delayed, and significant macroscopic plastic strains could be realized. And this 
is the fundamental reason for the observed geometric-size effects evidenced as the 
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improved plasticity or strength, resulting from the constraint conditions, such as bending, 
nanoindentation, micropillar compression, and macroscopic compression with small 
aspect ratios.  
 At the same time, the plastic-zone size associated with a crack tip in amorphous 
alloys decreases as the square of the yield strength as .  Since 
amorphous alloys usually exhibit high yield strengths, the corresponding plastic zone size 
is small. When the size of the amorphous alloys is smaller than the characteristic length, 
ductile deformation is allowed, and a large plastic strain might be achieved. This trend 
has very important implications for the applications of amorphous alloys. The fabrication 
of metallic-glass foams or porous amorphous alloys is along this line. When the ligament 
size approaches the plastic zone size, the ligament might undergo a ductile deformation 
[64]. The widespread initiation of shear bands at the pores, together with the high yield 
stress, give the foams very high specific strengths, attractive for applications requiring 
high impact energy absorption [4]. The plastic-zone size can also provide an important 
guidance for the design of metallic-glass-matrix composites. By matching the 
microstructural length scales with the characteristic length scale of the plastic-zone size, 
the shear-band extension can be limited, shear-band opening will be suppressed, and the 
crack development will be avoided. Therefore, metallic-glass matrix composites with 
very high tensile ductility and toughness can be obtained [65].  
2)/)(2/1( YICP KR σπ≈
 The homogeneous deformation of the nanometer-sized specimen can be 
understood in the following ways. The small sample volume is less likely to contain 
flaws for the initiation of severely localized shear bands. Without severe shear banding 
that concentrates all the strains exclusively on one plane, throughout the sample the 
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individual STZs and the local redistribution of free volume have the opportunity to 
mediate multiple atomic-level shear events. These ‘dislocation-like’ shear events, 
happening all over the small volume, render the homogeneous deformation [11]. Shear-
transformation zones are groups of atoms undergoing a transition, triggered by free 
volume redistribution, between two relatively low energy configurations separated by an 
activation barrier. The atomic mobility under shearing is dominated by local 
rearrangements in STZs. Local free volumes appear as a necessary requisite for collective 
motions [14]. The shear transformations, being thermally activated and stress-assisted 
processes, always have a finite chance to contribute to the deformation at sufficiently 
high stresses [11]. 
 Because the plastic-zone size of amorphous alloys is usually much larger than 
nanometer scale, the brittle failure due to catastrophic crack propagation is disfavored 
[11]. The driving force for the crack propagation, which is the difference of the elastic 
strain energy stored in the volume and the surface energy of the cracking has to overcome 
decreases with the decrease of the sample volume. Therefore, brittle fracture is difficult 
to occur in nanoscale volumes. Even there is instability, it deforms under a controlled 
manner, propagating/expanding without inducing an immediate catastrophic fracture [11]. 
Schuh et al. [36] suggested a characteristic shear-band scale on the order of 50 ~ 500 nm. 
For an embryonic shear band to mature, it requires a running distance for it to accelerate 
to its full propagation speed. Nanometer-sized samples do not provide a runway 
sufficiently long for this to happen. Wang et al. and Shimizu et al. [12,66] suggested an 
incubation length, Linc, which can be regarded as a critical ‘‘runway’’ length necessary 
for a cold embryonic shear band (ESB) to launch and, subsequently, mature into a hot 
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shear crack. As shown in Equation (4), the incubation length is related to α which is the 
metallic glass’s thermal diffusivity, cv is its volumetric specific heat, Tenv is the ambient 
temperature, τglue  ≈  0.01E from both experimental data and molecular-dynamics (MD) 
simulations, and cS  =  (μ/ρ)1/2 is the shear wave speed. If the sample dimension is larger 
than Linc, mature shear bands can be developed. Specimens smaller than Linc would have 
many STZs and ESBs (essentially STZs with longer aspect ratios), but no major shear 
bands, and, thus, would appear to deform homogeneously at the sample scale [12]. 
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 Although the homogeneous/inhomogeneous deformation mechanism of 
amorphous alloys is still far from well established, the study of geometric and intrinsic 
size effects on the mechanical behavior of metallic glasses will have an important impact 
on the understanding of the deformation behavior of these materials, and have great 
implications for the development and applications of metallic glasses. The research on 
size effects will not only help the understanding of the atomic-scale deformation 
mechanisms, but also contribute to the design of new alloys and composites. Both the 
geometric and intrinsic size effects may have practical implications for the toughness and 
ductility of structural bulk-metallic glasses, and are certainly germane for applications 
involving thin films or micro-devices.  
 However, in order to uncover the underlying deformation mechanism of 
amorphous alloys, comprehensive research efforts by combining the critical macro/micro 
mechanical measurements, the microscopic observation, and the atomistic modeling will 
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be needed. The precise identification of the size and structure of STZs, and the interaction 
among STZs will be necessary to better understand the roles that STZs play in the 
homogeneous deformation. Currently, the micropillars or nanopillars are widely used in 
the size-effect study. To gain more quantitative stress-strain behavior results, the FIB 
sample preparation method needs to be modified. The inaccuracies resulting from the 
pillar geometry, FIB-damaged surface layers, misfit or misalignment artifact need to be 
avoided. 
2.4 Fatigue-resistance improvement by surface coatings 
 Coatings, especially hard ceramic coatings, have been deposited extensively onto 
various substrates in order to improve the functionality and surface performances of the 
substrate materials [67-71]. The application of surface coatings with thicknesses in the 
range of several micrometers to hundreds micrometers can provide effective properties, 
such as wear protection, heat resistance and corrosion resistance, to improve the 
performance of industrial components, without adversely affecting their desirable bulk 
properties [68]. The corrosion, wear, and thermal resistance of metallic alloys employed 
in a wide range of industrial applications, can be improved in an effective and 
economical way by the application of surface coatings [71].  
 For the coatings commonly used at cutting and forming tools or other structural 
components, they are usually serviced in cyclic-loading conditions besides experiencing 
wear, corrosion, and erosion. Therefore, whether the coatings will affect the fatigue 
behavior of the substrate is of great importance. It is well-known that the fatigue cracks 
usually initiate from the surface of a smooth specimen, although some exceptions may 
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exist [68]. As the surface coatings usually have high hardness and brittleness, the 
behavior of a coating layer under fatigue is expected to have an effect on the crack 
initiation and propagation of the substrate. It is reported that the ceramic coatings can 
lead to significant improvement in the fatigue strength of steels, and the beneficial effect 
in the fatigue strength in the long-life region is mainly attributed to the retardation of 
crack initiation due to the restraint of the dislocation movement of the substrate by a hard 
coating layer [68]. In contrast, there have been some reports where the fatigue life can be 
decreased or sometimes unaffected by the surface coatings. Therefore, the fatigue 
behavior of the coated system depends on either film properties, such as the hardness, 
film thickness and structure, or the substrate, specifically the surface quality of the 
substrate and the interface [72].  
 To this end, the mechanical properties of surface coatings, including the hardness, 
ductility (toughness), residual compressive stresses, and interface adhesion, will play 
critical roles in determining the material reliability and lifetime [70]. These properties 
will affect the fatigue-crack-initiation resistance through the following mechanisms: (i) 
high hardness to prevent the surface roughening, (ii) good ductility and toughness to 
prevent crack initiation from the place where persistent slip bands (PSBs) intersect the 
film, (iii) high residual compressive stresses to prevent the crack propagation into the 
substrate, and (iv) good adhesions with the substrate to prevent coating delamination [67-
69]. Engineering coatings are typically susceptible to fatigue failures, usually because of 
the brittleness of the coating materials. Therefore, new coatings materials are needed to 
exhibit a better balance among the aforementioned beneficial properties. 
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 Although most steel alloys exhibit comparably good mechanical properties, most 
of them are characterized as having relatively poor wear and galling resistance, or 
corrosion resistances [73]. Therefore, hard coatings, such as oxides, nitrides and carbides, 
have been widely applied onto the surfaces of steel components which are subjected to 
fatigue, corrosion, and wear, in order to extend the service life [73]. Puchi et al. [73] 
investigated the effects of different TiNx (x = 0.55, 0.65, 0.75 in atomic percentage) films 
deposited by means of closed field unbalanced magnetron sputtering on the fatigue 
behavior of 316L stainless steel. Depending on the composition of the film, the fatigue 
life of the steel could be increased between 566 and 1,677%, and the fatigue limit could 
also be increased to between 9.1 and 10.8%. It was concluded that the increase in fatigue 
properties of the coated steel was associated with the intrinsic higher mechanical 
properties of the coating with respect to those of the substrate and to the apparent good 
adhesion of the deposits. When a TiN coating, approximately 1.4-mm thick, was 
deposited by means of filtered-catholic-arc deposition on the same substrate, they found 
that the fatigue life could be increased between 400 and 2,119%, whereas the fatigue 
limit was observed to increase by 22% [74]. It was concluded that the increase in fatigue 
properties of the coated substrate was associated mainly with the compressive-residual 
stresses present in the coating and to the good adhesion of the coating to the substrate. 
 Puchi et al. [75] also studied the fatigue behavior of a 316L stainless steel with 
three different under stoichiometric ZrNx films deposited by physical vapor deposition 
(PVD) magnetron sputtering. The increase in the fatigue life due to the presence of the 
coatings was observed to range between approximately 406 and 1,192% when the 
samples were tested at stress ranges of 435 ~ 480 MPa. The fatigue limit was observed to 
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increase by approximately 6.6% and 9.1% in comparison with the uncoated substrate. 
The stress–life results and the fractographic analysis indicated that the fracture process of 
the coated samples during cyclic loading was dominated by the nucleation of cracks at 
the surface of the coating and their propagation throughout its thickness, until the 
coating–substrate is reached. Kim et al. [68] deposited ceramic coatings, such as TiN, 
TiCN and TiAlN films, on a Cr–Mo–V steel by filtered-arc-ion plating. Fatigue tests 
were performed under axial tension cycling with a sinusoidal waveform with a frequency 
of 10 Hz in room air condition. The fatigue lives and strengths of the coated materials 
increased compared with those of the substrate, especially at longer fatigue life. It was 
confirmed that the improvement of fatigue behavior for the coated materials was mainly 
due to the constraint of the plastic deformation of the substrate by a hard coating layer 
and high compressive residual stress.  
 Baragetti et al. [76] investigated the fatigue behavior of the CrN coating on the 
duplex stainless steel. Fatigue tests were performed under four-point bending with a 
sinusoidal waveform at a frequency of 10 Hz in room air condition. The fatigue life of the 
coated sample could be enhanced. The most important parameter to enhance the fatigue 
resistance of coated specimens was found to be the surface residual stress induced by 
PVD coatings. Besides improving the fatigue resistance of different substrates, the 
application of some surface coatings can repair the fatigue damage [77]. Untreated and 
nitrided AISI 4140 steel specimens were subjected to fatigue loading up to certain level, 
and, then, were nitrided for 0.5 h before being subjected to fatigue testing again. It was 
observed that the process applied to untreated specimens improves the fatigue life of the 
specimens due to the subsurface crack nucleation. However, for already nitrided 
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specimens, no significant improvement in the fatigue life was found. It was attributed to 
the compound layer on the surface, which prevents the diffusion during the second 
nitriding.  
 The application of surface coatings can also improve the fatigue resistances of 
other substrate materials besides steels. Montanari et al. [78] observed the increase of the 
fatigue life and endurance limit of an Al 6061/20% SiCp composite by means of coatings 
of titanium sputtered at room temperature. Coatings were found to seal defects always 
present on the external surface of the composite, retard crack growth, thus, leading to a 
remarkable improvement of fatigue behavior. Stoudt et al. [67] witnessed a significant 
extension of the fatigue life of a Cu alloy by the nanometer-scale Cu-Ni multilayered 
coatings. The surface roughening that normally causes fatigue-crack initiation is 
suppressed. The enhanced hardness and resulting toughness produced by nanometer-scale 
layering of two ductile constituent materials are the most likely source of the slip 
suppression and homogeneous deformation that prevents fatigue-crack nucleation in the 
samples. 
 For the aforementioned fatigue-resistance enhancement by hard ceramic coatings, 
the mechanisms are mainly related to the high hardness/strength, and compressive 
residual stress, which are responsible for preventing the normal surface roughening of 
fatigue-crack nucleation [67]. The applied load and the stresses imposed by dislocation 
pile-ups where persistent slip bands (PSBs) intersect the film are insufficient to break 
these films and nucleate fatigue cracks [67]. To achieve high compressive residual 
stresses, the coatings with thicknesses in the range of several micrometers to hundreds 
micrometers are required. However, with the increase of the coating thicknesses, a 
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reduction in the adhesion of the film to the substrate may occur [79]. Since the beneficial 
mechanical properties of the coating can only be transmitted to the substrate through 
good adhesion of the film to the latter, the delamination of the coatings tends to occur. At 
the same time, many ceramic coatings are intrinsically brittle, although they exhibit high 
hardness and strength. Therefore, engineering ceramic coatings are susceptible to fatigue-
induced fractures and delaminations under higher stresses. As shown in Figure 9, severe 
fracture and delamination of the ceramic coatings can be observed due to the brittleness 
and poor adhesion [73]. Thereby, new coating materials are required to exhibit a better 
balance of the beneficial mechanical properties to improve the fatigue resistances of the 
substrate materials. 
2.5 Development of metallic-glass thin films 
2.5.1 Current application research on metallic-glass thin films 
 Although the engineering applications of BMGs are limited by their brittleness 
and low ductility at room temperature, size effects on mechanical behavior indicated that 
the geometric constraints can increase the density of shear bands, and, thus, enhance the 
mechanical properties [8,40,44]. Amorphous alloys in the form of thin films will be one 
example along this line, in which the propagation of shear bands can be confined at the 
interface. As a consequence, it is anticipated that the metallic-glass thin films can be used 
as coating materials to improve the surface performance, such as the fatigue resistance of 
the substrate materials [80,81]. Metallic glasses not only exhibit superior high strength 
and high elastic limits, but also are free from flaws such as lattice defects and grain 
boundaries. Metallic-glass thin films soften and show viscous flow within a certain 
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temperature range called the supercooled liquid region (SCLR), which allows the easy 
forming into three-dimensional (3-D) microstructures. Therefore, metallic-glass thin 
films have been the subject of much research to discover applications in general industry, 
and particularly in micro/nanometer-scale structures [82].  
 Jeong et al. [82] studied the fabrication of microcantilevers by surface 
micromachining techniques. A Pd76Cu7Si17 metallic-glass thin film was prepared by 
radiofrequency (rf) magnetron-sputtering method. In order to heat and form the 
cantilevers, a local laser heating and microforming system is introduced to maintain the 
amorphous nature of the metallic-glass thin films when forming the cantilevers. Figure 10 
shows the SEM image of a Pd76Cu7Si17 metallic-glass thin-film microcantilever twisted 
for 90°, indicating the capability of this micro-forming technique [82]. Wu et al. [83] 
investigated the laser cladding process to prepare the Fe-based amorphous coating. The 
process consisted of melting the substrate surface with Fe-based alloy particles, allowing 
them to solidify rapidly, and, then, forming a surface coating with a structure, chemical 
composition, and property different from those of the substrate. The coating reveals high 
microhardness and good corrosion resistance as well. 
 In addition to the manufacturing of metallic-glass thin-film microcomponents by 
utilizing the viscous flow in the SCLR, metallic-glass thin films can also be directly used 
as patterning or imprinting materials [17,19,84]. Kawasegi et al. [84] investigated the 
mechanism of fabricating structures using FIB irradiation, followed by wet chemical 
etching, and examined the shape dependence of various ion irradiation parameters. This 
simple and rapid process can fabricate a structure with a depth of several tens to hundreds 
of nanometers. Using rf magnetron sputtering, Sharma et al. [17] prepared Zr-Al-Cu-Ni 
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metallic-glass thin films with a large SCLR, smooth surface, and extremely high hardness. 
The nanoscale-patterning ability of the thin films was demonstrated by focused ion beam 
(FIB) etching. The capability to write nanometer-scale patterns opens up a variety of 
possibilities for fabricating nanomolds for the imprint lithography, and a wide range of 2-
or 3-D components for future nanoelectromechanical systems. Chu el al. [84] 
demonstrate that optical gratings with 600 and 1,500 nm periods on a Pd40Ni40P20 bulk 
metallic glass can be faithfully imprinted in air from Si dies. The gratings have smooth 
and uniform surface profiles with comparable optical properties as the original Si dies. 
The BMG gratings can be further used to imprint the second-generation replicas on 
polymethylmethacrylate.  
 With the easy fabrication of amorphous thin films/coatings, thermal annealing can 
be utilized to alter/tune the microstructure and the attendant mechanical properties. Since 
crystalline phases are more thermodynamically favorable than metastable phases formed 
in the as-deposited or quenched conditions, crystallization generally tends to occur during 
thermal annealing. However, in certain elementally-modulated crystalline films, solid-
state amorphization (SSA) might take place through annealing-induced diffusion 
reactions at interfacial regions [85]. Chu et al. [86] reported that thermal annealing of an 
as-sputtered Zr47Cu31Al13Ni9 thin film resulted in nanocrystallization and amorphization. 
Upon annealing, the metallic-glass thin films show a structural development sequence of 
a metastable as-sputtered structure, to a metastable nanocrystalline/amorphous composite 
at 650K and 750K, to a single metastable amorphous phase at 800K, and to a stable 
crystalline structure at 850K. Similar nanocrystallization and amorphization phenomena 
have also been observed in the Fe-based and Cu-based thin films [87,88]. The formation 
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of the amorphous structure gives rise to a remarkable enhancement in the mechanical 
properties of the annealed film. 
2.5.2 Mechanical behavior of metallic-glass thin films 
 In the early development of metallic glasses, the requirement of extremely high 
cooling rates resulted in the production of metallic glasses in the form of wires, powders, 
and ribbons. Although the size limited the structural application of the metallic glasses, 
the investigation on the mechanical behavior, including fatigue and fracture toughness on 
the amorphous alloys could be dated to then [89-93]. Ogura et al. [90] studied the 
tension-tension fatigue behavior of a Pd80Si20 alloy filament obtained by a centrifugal 
quenching method. It was found that the amorphous alloys exhibited a similar stress-life 
(S-N) curve to those of crystalline metals. The distinct fatigue limit of the alloys was 
around one third of the tensile strength which was very high. The fractured surface 
consisted of two regions, one with characteristic fatigue-fracture features, and one 
containing vein patterns due to the unstable shear rupture at the final fracture stage. 
Striations formed in the fatigue-crack-growth region with the inter-striation spacing 
increasing with the increase in the distance from the crack initiator. The striation 
formation indicates that the process of the crack-tip blunting and resharpening might 
occur during the advance of fatigue crack propagation, and the propagation rate increases 
with the increase of the crack length. There exists a critical length of a stable fatigue 
crack beyond which an unstable growth of the crack will occur. 
 During the study of the fatigue-crack-propagation behavior of the same alloy, 
Ogura el al. [91] found that an incubation period elapsed before a fatigue crack started 
from the root of a notch. The fatigue crack grew very slowly at first, gradually increased 
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its propagation rate, and finally caused the unstable tensile fracture. The rate of fatigue 
crack propagation was found to follow a power function of KI as dl/dN = CKI m (C = 
constant, m ≈ 2). A clearly defined plastic zone was found around the fatigue crack, 
concentrated in a large number of slip bands with the single slip steps of around 500 nm 
in height. Chaki et al. [93] investigated the overload effect on the fatigue-crack 
propagation of an amorphous alloy, Co72.15Fe5.85Mo2BB15Si5 (so-called Metglas 2705). 
They found that the fatigue-crack propagation in amorphous alloys showed an overload 
effect, and the overload effect increased with the number of overload cycles. The 
comparison of the striation spacing and fatigue-crack growth rate (da/dN) showed that the 
crack jumped a step about every hundred cycles. Both crack tip blunting and branching 
occur during the application of overload. 
 With the development of high-energy coating technologies, including the laser 
cladding, vacuum plasma spraying, magnetron sputtering, high-velocity-oxygen-fuel 
spraying, electron-beam surface treatment with gas atomized powders, and electro-spark 
deposition (ESD) process, amorphous alloy coatings can be prepared easily, and the 
mechanical behavior can be studied systematically [94]. Imura et al. [95] compared the 
fatigue behavior of an amorphous Fe78BB13Si9 film and polycrystalline copper film. Longer 
lifetimes and higher fatigue limits are observable on the amorphous alloys, as compared 
with copper, and higher fatigue limits are obtained with the amorphous specimens tested 
in dry argon and in vacuum, as compared with those tested in air. The amorphous alloys 
indicate a high fatigue and wear resistance and a very small kinetic friction coefficient. 
 Takashima et al. [18] studied the fatigue behavior of a Ni88.5P11.5 (wt. %) 
amorphous film produced by electroless plating. The fracture surface of the precracked 
 31
 
sample consists of a flat region and a rough one, featured by a vein pattern. Fatigue 
striations aligned perpendicular to the crack growth direction and the formation of the 
fatigue striations suggest that the fatigue crack propagates by the cyclic plastic 
deformation at the crack tip (i.e., blunting and resharpening of the crack tip). Shear bands 
were also observed on the side surface near the crack tip. Once the fatigue-crack growth 
occurs, the specimens fail within one thousand cycles. This trend indicates that the 
fatigue life of micro-sized specimens is mainly dominated by a crack-initiation process, 
suggesting that even a micro-sized surface flaw may be an initiation site for fatigue 
cracks, which will shorten the fatigue life of micro-sized specimens. 
 Maekawa et al. [96] investigated the fatigue behavior of a Ni88.5P11.5 metallic-
glass thin film. It was determined that the fatigue strength was around one-third of the 
static bending strength. A fatigue crack propagation test was performed on a notched 
specimen. The equal-spaced fatigue striations indicate that in the microsized amorphous 
alloys, the crack is deduced to propagate by cyclic deformation at the crack tip. 
2.6 Research objects 
 In spite of their outstanding mechanical properties, the engineering applications of 
BMGs as structural materials are currently limited due to their low ductility at room 
temperature. Size effects on mechanical behavior of metallic glasses indicate that metallic 
glasses will undergo a homogeneous deformation when the feature size is below a 
submicron scale or when they are deformed under constraint conditions. The shear-band 
instability will be suppressed, and large plasticity and high failure resistance can be 
achieved. This trend is a strong indication that metallic glasses in a small volume can be 
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exploited in designing components for microelectromechanical systems (MEMS), thin 
films, foam materials, and crystalline-amorphous composites, thus, opening new 
application fields for metallic glasses. It is expected that the high strength and hardness, 
improved plasticity, and/or good corrosion and wear properties will improve the surface 
performance, especially the fatigue resistance of the structural substrates.  
 Although metallic-glass thin films seem to possess better overall mechanical 
properties to improve the fatigue resistances of substrates compared with ceramic hard 
coatings, there is very little research effort along this line. It is imperative to study the 
fatigue behavior of the MEMS systems with metallic-glass thin films since the 
temperature fluctuations will induce cyclic stresses to the systems. Therefore, the 
objectives of the research are to study the synthesis, structures, and mechanical properties 
of metallic-glass thin films, and to investigate the effects of the thin films on the fatigue 
behavior of structural materials. The main objectives of the proposed research are: (i) 
examine the microstructures, thermal stabilities, and phase transformation of the as-
sputtered and annealed metallic-glass thin films; (ii) characterize the mechanical and 
adhesion properties of the metallic-glass thin films; (iii) investigate the deformation 
behavior and fatigue properties of the structural substrates with metallic-glass thin films; 
and (iv) understand mechanistically the deformation mechanism and fatigue behavior of 
the coated systems, especially the shear-band and crack-initiation behavior through the 
interactions between the substrate-slip deformation and the thin films. 
 To better understand the metallic-glass plasticity and failure phenomenon, the 
shear-band behavior and its connection to the material failure are the key issues. In this 
research, the metallic-glass thin film will be an ideal system for the study of mechanical 
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properties because the film/substrate interface may provide strong constraints that limit 
the shear-band propagation and prevent the catastrophic failures. The deformation/failure 
mechanisms of the film/substrate system will be the focus of this research. Emphases will 
be placed on the fatigue-crack-initiation mechanism, i.e., how the metallic-glass thin 
films suppress the initiation of the surface-fatigue crack. Different film thicknesses will 
be chosen in order to study the thickness effect. For a comparison study, TiN and pure 
copper films will be prepared to study the deformation behavior and the effect on the 












3 EXPERIMENTAL PROCEDURES 
3.1 Materials 
3.1.1 Metallic-glass thin films 
 The multicomponent metallic-glass thin films, including Zr47Cu31Al13Ni9, 
Cu51Zr24Hf18Ti7, and Fe65Ti13Co8Ni7BB6Nb1, will be deposited by magnetron sputtering on 
different substrates. Among the three amorphous films, the Zr-based film will be the 
research focus of the current study. The films were deposited onto corresponding 
substrates using commercial radio frequency (rf) magnetron sputtering systems, as shown 
in Figures 11 and 12 [97,98]. Sputtering is a process when the ion impact establishes a 
train of collision events in the target, leading to the ejection of target atoms and the 
precipitation of the species onto the substrate surface. The impacting ions are usually 
plasma, a partially-ionized gas composed of the ions, electrons, and neutral species that is 
electrically neutral when averaged over all the particles. Sputtering processes can be 
categorized as direct current (dc), radio frequency (rf), magnetron, and reactive sputtering, 
among which magnetron sputtering is the most widely-practiced method because of the 
high deposition rate [99,100]. With the application of the magnetic filed, the electron 
residence time in the plasma can be prolonged and, thus, the ionizing efficiency can be 
enhanced. This trend leads to large discharge currents and the increased sputtering 
deposition rate.  
 The based pressure and working pressure during sputtering were 10-7 Torr and 10-
3 Torr, respectively, with a working pressure of 100 W. The sputtering targets are the 
commercial-grade alloy target with the similar composition. The thickness of the films 
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was controlled to be 200 nm and 1 μm in order to study the thickness effects. In order to 
conduct comparison studies on the different mechanical responses of different films, 200 
nm-thick TiN and pure copper films were also prepared on the steel substrates. For the 
thermal analysis and mechanical testing, thicker films of several micrometers were 
deposited on Si wafer or glass substrates. 
3.1.2 Substrate materials 
 The commercial-grade 316L stainless steel, a HAYNES C-2000® Ni-based 
superalloy, and a ZrHf4.5 alloy with a geometry of 3 × 3 × 25 mm3 were used as the 
substrate materials. Compositions of the 316L stainless steel and Ni-based alloy are listed 
in Tables 1 and 2 (all tables are located in Appendix I), respectively. The 316L stainless 
steel with a 20% cold work was ground with 800-grit sand papers, followed by 
electropolishing to ensure a smooth surface. After grinding with 1,200-grit sand papers, 
the Ni-based alloy and Zr-based alloy were mechanically polished with a 1-μm diamond 
paste. The tension-tension fatigue specimen is a notched steel bar. The samples were 
polished using a 1,200-grit SiC paper before the sputtering deposition. The samples were 
rotated during sputtering in order to ensure uniform film thicknesses. The geometries of 
the four-point-bending fatigue specimen and tension-tension fatigue sample were shown 
in Figures 13 and 14 [101]. 
3.2 Microstructural characterization 
 Using a Philips X-ray Generator-3100 operated at 45 kV and 40 mA with a CuKa 
radiation, the X-ray diffraction (XRD) pattern of the as-deposited thin films were 
obtained. With an Asylum MFP3D atomic-force microscope (AFM) and a NanoScope 
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IIIa-D3000 AFM, the root-mean-square surface roughness of the amorphous film was 
measured. A differential scanning calorimeter (DSC, Perkin Elmer Diamond) was 
utilized to study the thermal properties of the glass-forming thin films in an argon 
atmosphere at given heating rates. 
 The electron probe micro-analysis (EPMA) was used to obtain the chemical 
composition of the as-sputtered thin films. The sample surface was polished to 0.3 μm 
Al2O3 without etching. Three measurements were made to obtain the average chemical 
composition. The composition of as-sputtered thin films is listed in Table 3 [98]. The 
fracture surfaces of samples were examined by scanning electron microscopy (SEM). A 
field-emission SEM (Hitachi S-4800) and a Leo 1526 SEM were used for the SEM 
observations. 
 Transmission-electron microscopy (TEM) samples were prepared by mechanical 
grinding, followed by ion milling in a liquid nitrogen cooled stage. The high-resolution 
TEM (HR-TEM) was performed on a 200 kV JEOL 2010F field-emission TEM, which 
was equipped with an annular dark-field detector, a post-column electron energy loss 
(EELS) image (Gatan Enfina), and an Oxford energy-dispersive X-ray (EDX) detector. 
The duration of the EDX spectrum was 100 s and the spot size of the EDX spectrum is 
about 10 nm. The EDX was also used to determine the chemical composition of the as-
sputtered thin films. 
3.3 Mechanical testing of metallic-glass thin films 
 To study the hardness and modulus of the as-sputtered Zr-based thin films, the 
nanoindentation experiments were performed using a Nanoinstruments Nanoindenter II 
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(Oak Ridge, TN) with a diamond Berkovich indenter [102]. The loading condition is a 
displacement control (i.e., the penetration rate, h , is held as a constant), and the thermal 
drift of the system was controlled less than 0.2 nm/s. The hardness and elastic modulus 
are determined using the Oliver-Pharr approach.[103] A series of indents were produced 
with varying the displacement rate, , and maximum indentation depth, .  
&
h& maxh
 The nanoindentation tests on the Cu- and Fe-based as-sputtered films were 
performed with a Hysitron TriboScope (Minneapolis, MN) [104]. The diamond tip was 
used with a cubic-shaped indenter. The loading phase of indentation was carried out 
under the displacement control at the rates of 40 nm/s, 8 nm/s, and 4 nm/s. At least 5 
indents were made on each specimen with the separation between adjacent indents to be 
20 μm. The load vs. displacement curves and the hardness values were obtained from the 
indentation experiments. 
 The (CSEM) MSTX scratch tester (CSM Instruments, Needham, MA) equipped 
with a diamond spherical indenter was utilized to perform the scratch tests on the surface 
coatings [105]. The radius of the indenter was 10 μm. Different ramping-load schemes 
were used to create the 500-μm scratch tracks, with the normal load increasing linearly 
from the minimum to maximum. In constant load scratches, three constant loads ranging 
from 100 mN to 300 mN were used. The applied normal force, the tangential force, and 
the penetration depth during the scratching test were recorded by the system, and the 
coefficients of friction (COF), μ, were further calculated as the ratio of the tangential 
force to the normal force [106,107]. A model 107 Square Tester was also used for the 
adhesion measurement [98]. 
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 The slit method was used to determine local residual stress in the 200 nm-thick 
amorphous Zr-film sputtered on the 316L stainless steel [108-112]. The method is based 
on the measurement of the displacements field arisen when a slit is milled into the 
material under investigation. The displacement field is determined by the digital image 
correlation (DIC) analysis of scanning electron microscope (SEM) images. Using a 
focused ion beam (FIB-SEM) workstation slits were milled on the surface in such manner 
that residual stresses in the direction along the sample were determined. The surface 
under investigation was decorated with Yttria-stabilized zirconium (YSZ) equiaxial 
particles of 20 - 30 nm in size precipitated from the ethanol suspension. A Stress 
Measurement System (FLX-2320) using the silicon-wafer substrate was applied to study 
the residual stress in the as-sputtered Zr-based film. 
3.4 Fatigue experiments 
 The substrate plates were cut into 3 × 3 × 25 mm rectangular beam specimens for 
four-point-bend testing using wire electro-discharge machining (EDM). After grinding 
with 1,200-grit sand papers, the Ni-based alloy and Zr-based alloy were mechanically 
polished using a 1-μm diamond paste, with the surface finish parallel to the longitudinal 
axis of the specimens employing a polishing fixture (South Bay Technologies, San 
Clemente, CA). Before the fatigue tests, the height and width were measured and used to 
calculate the applied stress range at the tensile surface. A computer-controlled MTS 
servohydraulic testing machine (MTS 810) was employed to test these samples. The four-
point-bend experiments were performed with an R ratio of 0.1 where R = σmin. / σmax., 
where σmin. and σmax. are the applied minimum and maximum stresses, respectively, 
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under a load-control mode, using a sinusoidal waveform at a frequency of 10 Hz. The 
stress (σ) at the tensile surface within the inner span was calculated from the beam theory 
using Equation 5, where S1 = 10 mm and S2 = 20 mm, width b = 3 mm, and thickness h = 
3 mm for four-point-bend testing. After sample failures or run-out point at 5 × 106 cycles, 
samples were examined by SEM to identifiy fatigue and fracture mechanisms.  






=σ         (5) 
 The notched stainless-steel sample as shown in Figure 14 was employed for the 
tension-tension fatigue study. To avoid surface effects, the samples were polished using a 
1,200-grit SiC paper. The gripping system and the specimen geometry were modified 
versions of those employed for testing ceramics and other brittle materials at the Oak 
Ridge National Laboratory (ORNL) [113]. A computer-controlled material test system 
(MTS) servohydraulic testing machine (MTS 810) was employed for fatigue studies. The 
machine was aligned prior to use. Samples were tested at various stress ranges with R 
ratio of 0.1 under a load-control mode, using a sinusoidal waveform at a frequency of 10 









4     RESULTS AND DISCUSSION 
4.1 Microstructures of the as-sputtered metallic-glass thin films 
 Figure 15 shows the X-ray diffraction patterns of the as-deposited Zr-based, Cu-
based, and Fe-based metallic-glass thin films. A broad diffraction peak indicates that the 
film is mainly amorphous, without detectable peaks corresponding to crystalline phases. 
The EPMA measurements indicate that compared with the target compositions, including 
Zr55Cu30Al10Ni5, Cu61Zr20Hf8Ti11, and Fe56Ti7.5Co7Ni7BB20Nb2.5, the compositions of the 
as-sputtered thin films are Zr47Cu31Al13Ni9, Cu51Zr24Hf18Ti7, and Fe65Ti13Co8Ni7B6B Nb1, 
respectively. This trend resulted from the different sputtering yields of different elements 
[114]. For example, the sputtering yields of the Zr-based alloys show the decrease of 
sputtering yields as Cu > Ni > Al > Zr. Therefore, we can see an increase of the atomic 
percents of Ni, Cu, and Al, and a reduction of the atomic percents of Zr in comparison to 
the target.  
 Table 3 shows the thermal properties after the DSC analyses of various metallic-
glass thin films. It can be seen that the supercooled liquid regions for the Zr-, Cu-, and 
Fe-based films are 39K, 58K, and 56K, respectively. The Cu-based film exhibits the 
largest supercooled liquid region, indicating a better thermal stability. The application of 
the metallic-glass thin films results in the decrease of the surface roughness of the 
substrates. For example, the surface roughness of the 316L stainless steel decreases from 
4.81 nm to 2.55 nm after the application of the 200 nm-thick Zr-based metallic-glass 
films [80]. With the increase of the film thickness, the surface roughness decreases. For 
instance, the root-mean-squares (rms) surface roughness of the Ni-based substrates 
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decreases from 20.62 nm to 15.53 nm after the application of the 200 nm-thick Zr-based 
film, and further down to 12.17 nm with the 1 μm-thick film. The reduction of the surface 
roughness of different substrates may decrease the stress concentration sites and increase 
the fatigue resistance of the coated sample [115]. 
 Figure 16 shows the TEM images of the as-sputtered Zr-, Cu-, and Fe-based 
metallic-glass thin films. Although the XRD patterns indicate an amorphous structure, the 
as-deposited film is indicated by the diffraction pattern to exhibit nanocrystalline phases 
dispersed in an amorphous matrix. For the Zr-based film, the nanocrystals have sizes in a 
range of 10 - 30 nm and, thus, produce a spotty-like ring diffraction pattern. According to 
the diffraction pattern, the nanocrystals are either tetragonal Zr2Ni (JCPDS 38-1170) or 
cubic Zr2Ni (JCPDS 41-0898) [86]. The as-deposited Fe-based film also exhibits 
nanocrystals with the size of 2 to 5 nm, dispersed in an amorphous matrix. While there 
are other minor unknown phases, the major nanocrystalline phase is determined to be γ-
fcc FeNi (JCPDS#23-0297 or #47-1405) with a lattice constant of 3.59Ǻ [87]. The as-
deposited Cu-based film exhibits nanocrystals dispersed in an amorphous matrix, with the 
sizes of nanocrystalline phases ranging from 5 nm to 15 nm. The crystalline phases are 
likely orthorhombic Cu10Zr7 [98]. 
 The interfacial layer between the film and substrate plays an important role in 
determining the bonding strength between the film and substrate. Therefore, HRTEM 
was utilized to study the microstructure and composition of the interfacial layer. Figure 
17 shows the cross-sectional HRTEM image for the as-deposited Zr-based film on a 
316L stainless steel substrate [116]. It is clear that there is an interfacial layer with the 
thickness of 5 ~ 10 nanometers between the substrate and film. No microvoids or 
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interfacial cracks were detected. The energy dispersive spectroscopy (EDS) analysis as 
shown in Figure 18 indicates that the interfacial layer consists of the elements from both 
the film and the substrate [116]. The good atomic intermixing might be related to the high 
kinetic energy plasma generated during the sputtering processes, and is good for the 
bonding between the coating and the substrate [117]. The intermixing of elements and the 
gradual transition of the composition across the interface was also observed by Prof. 
Huang, as shown in Figure 19 [118]. A focused ion beam (FIB) was also utilized to 
observe the microstructure of the thin film and the film/substrate interface, as shown in 
Figure 20. It can be seen that the interface between the film and substrate was smooth and 
defect free [119]. 
4.2  Mechanical behavior of as-sputtered metallic-glass thin films 
4.2.1 A nanoindentation study of the Zr-based metallic-glass thin films 
 In the past decade, a variety of methods have been developed to study the 
mechanical properties of thin films, among which the depth-sensing nanoindentation has 
found extensive applications.  By continuously recording the variation of the indentation 
load with the penetration depth into the specimen, very high resolution at low load scales 
can be obtained.  The nanoindentaion method has been widely used to study the thin-film 
mechanical properties, including the hardness, elastic modulus, adhesion, residual stress, 
and interfacial fracture toughness [120-122]. In the metallic-glass thin film, the film-
substrate interface can serve as geometric constraints to block the propagation of shear 
bands. Consequently, the study of the deformation behavior of the amorphous coating is 
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of critical importance to understanding both the constraint effects on the shear-banding 
behavior.  
 At the same time, the constitutive behavior of amorphous alloys can be examined 
using the nanoindentation technique. First, the classic Oliver-Pharr approach to determine 
the elastic modulus and indentation hardness is based on the analysis of the rate-
independent elastic-plastic contact [103,123]. In the analysis of a rate-dependent solid, 
the concept of the effective strain is usually used, which leads to the relationship of 
( ) ( )12 0 0
m
effP aπ ασ ε ε= & & , where P  is the applied indentation load, a  is the contact 
radius (assuming axisymmetric contact), α  is a dimensionless parameter, 0σ , 0ε& , and m  
are constitutive parameters in the power-law creep behavior, ( )10 0
mpσ σ ε ε= & & , and 
eff h hε = &&  is the effective strain rate for a self-similar indenter with h  being the 
indentation depth [124]. When the elastic deformation plays a significant contribution, 
the above relationship does not work; there is no simple way to decouple the elastic and 
viscoplastic response [125]. In fact, we will see that a seemingly negative strain-rate-
sensitivity from the hardness measurement is actually a consequence of the increase of 
the relative significance of the elastic deformation when the strain rate increases. Second, 
the viscoplastic-deformation behavior of amorphous alloys cannot be simply described by 
a creep law that only depends on the stress and temperature (e.g., the classic power law), 
because the viscosity depends on the evolution of atomic structures, although details of 
the governing atomistic mechanisms are still under debate [126-130]. From the 
continuum-mechanics standpoint, the strain localization in the shear bands is a 
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consequence of the strain softening caused by the stress-induced structural 
order/disordering process, where the atomic structure can be described by one or several 
order parameters [5,130]. Determining this type of constitutive law from the 
nanoindentation test is clearly a formidable task. Third, when using the nanoindentation 
technique to study the coating-substrate system, the measured elastic modulus and 
hardness will be influenced by the substrate [122,131]. As discussed earlier in this section, 
the coating-substrate interface can block shear bands and, therefore, promote the shear-
band multiplication. This kind of substrate effects is radically different from that 
associated with the thin film obeying the conventional plasticity behavior. To this end, 
both shallow and deep indentation tests have been conducted and compared in this work. 
 Using an AJA ATC2000 radio-frequency magnetron sputtering system, 2 μm-
thick Zr-based metallic-glass film was deposited on a well-cleaned silicon substrate [102]. 
Using an Asylum MFP3D atomic-force microscope, the root-mean-squares surface 
roughness of the amorphous film is found to be about 4 nm, smooth enough for the 
subsequent nanoindentation test. The nanoindentation experiments were performed using 
a Nanoinstruments Nanoindenter II (Oak Ridge, TN) with a diamond Berkovich indenter. 
The loading condition is a displacement control (i.e., the penetration rate, h , is held as a 
constant), and the thermal drift of the system was controlled less than 0.2 nm/s. The 
hardness and elastic modulus are determined using the Oliver-Pharr approach [103]. A 
series of indents were conducted with varying the displacement rate, h , and maximum 
indentation depth, . The measured hardness with respect to varying displacement 






condition, four indents were carried out to examine the statistical variations. In Figure 21, 
with 200 nm, the measured hardness is found to decrease slightly with the increase 
of the displacement rate from h =1 nm/s, 10 nm/s, to 100 nm/s. It should be noted that 
this observation does not directly infer the negative strain-rate-sensitivity in the material 
constitutive relationship. Detailed discussions along this line are given in the next section. 
Figure 22 plots the hardness with respect to the ratio of the maximum indentation depth 
and the coating thickness (being 
maxh ≈
&
2d mμ= ) under a given displacement rate of 
10h nm=& s . The relationship is rather complicated, including an initial increase and 
then a decrease, followed by a final increase when the indentation depth is comparable to 
the film thickness.  
 Figure 23 shows arrays of indents under various displacement rates. Each row in 
the x  direction consists of four indents under the same loading conditions, where the 
distance between adjacent indents is about 20 μm. The insets are high-resolution SEM 
images illustrating the shear-band patterns around the indents. The indent size varies with 
the increase of the strain rate, but the shear-band spacing does not change noticeably. In 
Figure 24, the material pileup is examined near the indents using a Digital Instruments 
Nanoscope IIIa AFM (Santa Barbara, CA) in the contact mode. Horizontal lines in the 
insets of Figures 24(b) and 24(d) indicate the scanning directions. The maximum pileup 
height is also shown on these two plots. As  increases from 1 μm to 2.5 μm, the ratio 
of the maximum pileup height to the indentation depth increases from 16% to 52%. A 
number of incomplete circular shear bands can be seen in the pileup region around the 
indent produced by 
maxh
max 2.5h mμ= . It should be noted that one cannot exclude the 
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possibility of the presence of shear bands from the AFM image in Figure 24(c). This 
trend will be further discussed in the next section. 
 The decrease of the indentation hardness with respect to the increase of the strain 
rate in Figure 21 ( eff h hε = && = 0.005 s
-1, 0.05 s-1, and 0.5 s-1, respectively) seems to 
suggest a “negative” strain-rate-sensitivity of the amorphous alloys. From the observation 
of indents in Figure 23, however, we argue that this macroscopic “negative” strain-rate-
sensitivity is a result of the increase of the degree of elastic constraints for indentations at 
high strain rates. To this end, we first review the classic analysis of the indentation of a 
power-law-creeping solid [125]. Using the self-similarity properties, for a power-law-
creeping solid without the consideration of elasticity, the contact radius, a , is related to 
the indentation depth, , by a constant, , where  h c




=                                                                    (6) 
and β  is the apex half-angle of the axisymmetric conical indenter (as an approximation 
of the Berkovich indenter). The constant, c , is a function of the material constant, m , 
and depends weakly on the interface frictional condition. It can also be explained as the 
pileup index, i.e., ( )zc h u a⎡= +⎣ h⎤⎦ , where ( )zu a  is the surface displacement at the 
contact edge (negative if sinking in). According to Ref. [125], for a Newtonian viscous 
flow (i.e., ), the material actually sinks in and 1m = 2c π= ; for a rate-independent 
plastic flow (i.e., m ), the material piles up according to the slip-line theory 
( ). Bower et al. [125] predicted that for a pure creeping solid,  is a 
= ∞
1.263c ≈ ( )c m
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monotonic function between the above two limits. The mean contact pressure, ( )2P aπ , 
is given by 






P h F m






                                              (7) 
where  is a function that depends only upon the material parameter, m . Equation 
(7) is  derived from the observation that the strain rates and stresses in a pure creeping 
solid are independent of the history of loading, and depend only on the instantaneous 
velocities prescribed on the surface. Therefore, the strain-rate and stress fields are 
identical to those under a rigid flat punch of radius, a , which indents the half-space at a 
velocity, .  
( )aF m
h&
 Under the shallow indentation condition in Figure 21, the shear-band spacing 
observed in Figure 23 does not change noticeably with the increase of the strain rate. If 
the elastic deformation can be neglected, the corresponding three indents should be of the 
same size from Equation (6), since the pileup parameter, c , only depends on material 
properties, and the indentation hardness will increase with respect to the displacement 
rate from Equation (7). In Figure 23, clearly, the higher the strain rate, the larger the 
indent size, and the lower the mean pressure. This trend can be explained from the 
contribution of the elastic deformation. If the same load that produces the contact size in 
Equation (6) and mean pressure in Equation (7) is applied on an elastic solid, the 
resulting penetration is ( ) ( )21elastich P aν= − E  with the Young’s modulus, E , and 
Poisson’s ratio, ν . The comparison between the penetration into the power-law creep 
solid, , and the elastic penetration, , defines the following parameter: h elastich
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π ν σ
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&
&                                  (8) 
Consequently, a large Λ  indicates that the effects of elasticity can be neglected. 
Comparing the three rows of indents in Figure 23 with varying the indentation 
displacement rate, we find that the increase of the strain rate leads to the decrease of Λ  
and, thus, a more significant contribution of the elastic constraints. The increase of elastic 
constraints decreases the mean pressure from that predicted by the rigid-viscoplastic 
theory [125].  The mean pressure is, therefore, smaller at high strain rates than that at low 
strain rates, in agreement with the trend shown in Figure 21. Although the viscoplastic 
deformation behavior in the amorphous alloy cannot be simply described by the power-
law creep behavior, the above analysis provides key qualitative features that can explain 
the observation in Figures 21 and 23.  
 The hardness change from intermediate to deep indentation depths is rather 
complicated in Figure 22. Two main contributions are discussed below; one is the 
multiplication of shear bands due to the interface constraint, and the other is the effect of 
the indentation pileup on the accuracy of the nanoindentation technique. Unfortunately, 
we cannot quantify the contributions from each mechanism due to the nature of the 
complex deformation behavior in amorphous alloys, thus, our following discussion 
remains qualitative. For a monolithic long cylinder/plate under compression, the shear 
bands can propagate catastrophically, so that the failure mode is brittle. For the 
indentation into a monolithic metallic glass, as shown schematically in Figure 25(a), the 
shear bands terminate at a distance away from the contact center because of the rapid 
decay of the stress and strain-rate fields. This is one type of constraint that prevents the 
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catastrophic propagation of shear bands. For the indentation into a metallic-glass coating 
on an elastic substrate, when the indentation depth is large, the propagation of shear 
bands may be blocked by the coating-substrate interface, which promotes the initiation of 
multiple shear bands, as shown schematically in Figure 25(b). This type of geometric 
constraint is similar to that in the compression of plate-like specimens, in which the 
decrease of the height-to-diameter aspect ratio promotes the shear-band multiplication 
and enhance the ductility [7]. In other words, one can regard Figure 25(b) as a plate 
compression between two rigid platens. The multiplication of shear bands makes it much 
easier for the amorphous material to flow aside to accommodate the indenter. To this end, 
it is anticipated that the indentation pileup increases with the increase of the number of 
shear bands, in agreement with the observation in Figure 24. The final increase of the 
indentation hardness at a deep indentation depth in Figure 22 may be due to the substrate 
effects, since the hardness of the Si substrate is about 12.75 GPa, and the substrate 
contributes significantly to the indentation response. On the other hand, the 
nanoindentation technique is based on the elastic-unloading stiffness and, thus, 
underestimates the contact area when there is a significant amount of material pileups 
around the indent. Therefore, the measured hardness is larger than the actual mean 
pressure.  
 Figure 24 presents the AFM topographic images of two indents with 
max 1.25h d =  and max 0.5h d = , respectively. In Figure 24(a), shear bands can be seen 
from the three sides of the Berkovich indenter since these places correspond to the 
maximum shear-stress contours if the contact response is purely elastic. In Figure 24(c), 
shear bands are not observed from AFM measurements, but high-magnification SEM 
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images exhibit the shear-band pattern around the shallow indents. As explained by Greer 
et al., the surface topographic features caused by shear bands might be below the 
resolution of AFM when the indents are shallow [132]. For the self-similar Berkovich 
indentation, if the shear-band density roughly remains unchanged, the surface 
topographic offset will increase monotonically with the indentation depth, so that the 
shear bands can be more easily observed. This dependence is amenable to the detailed 
experimental investigation. The corresponding line topographic profiles in Figures 24(b) 
and 24(d) show different degrees of pileups. Figure 26 plots the pileup index as a 
function of the maximum indentation depth normalized by the film thickness, which 
indirectly confirms our discussion in Figure 25(b). On the other hand, the increase of the 
pileup can also be found for soft Mises-type solids on hard substrates, which is mainly 
due to the hydrostatic constraints on the plastic zone. The deformation mechanism in this 
case is radically different from the one envisioned in our experiments. 
 In summary, the dependence of the indentation hardness on the strain rate (i.e., 
the “negative” strain-rate-sensitivity) is explained by the increase of the degree of the 
elastic deformation with the increase of strain rate. For intermediate and deep indentation 
depths, the coating-substrate interface acts as geometric constraints to block and multiply 
the shear bands, similar to the plate compression tests. It is, thus, easier for the plastic 
deformation to occur and to accommodate the indentation, as shown by the increase of 
pileups with the increase of the indentation depth. 
4.2.2 Nanoindentation study of the Cu- and Fe-based metallic-glass thin films 
 Cu-based metallic glasses have been widely investigated due to the low cost, the 
combination of high fracture strength and “ductile” phenomenon at room temperature 
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[133,134]. Similarly, the Fe-based metallic glasses have been widely studied due to the 
extra high strength and hardness, good magnetic properties [135,136]. Therefore, the 1 
μm-thick Cu51Zr24Hf18Ti7, and Fe65Ti13Co8Ni7BB6Nb1 metallic-glass films were prepared 
by rf magnetron sputtering on the Si substrate. The nanoindentation tests on the Cu- and 
Fe-based as-sputtered films were performed with a Hysitron TriboScope (Minneapolis, 
MN) [104]. The diamond tip was used with a cubic-shaped indenter. The loading phase 
of indentation was carried out under the displacement control at the rates of 40 nm/s, 8 
nm/s, and 4 nm/s. To minimize the substrate effect, the maximum indentation depth was 
controlled to be 200 nm, which is one fifth of the film thickness. At least 5 indents were 
made on each specimen with the separation between adjacent indents of 20 μm.  
 The measured hardness and elastic modulus of the Cu- and Fe-based metallic-
glass films are listed in Table 5. It can be seen that with the increase of the indentation 
displacement rate, the hardness of the two films increases, indicating a seemingly positive 
strain-rate-sensitivity. This trend is contrary to the one observed in the Zr-based films and 
needs further investigation. The hardness of the Fe-based film is higher than that of the 
Cu-based film, which can be understood, based on the hardness difference between Cu- 
and Fe-based bulk metallic glasses. The load-displacement curve of the Fe-based film is 
shown in Figure 27. The average hardness of the Cu- and Fe-based films over the three 
displacement rates is 7.29 GPa and 9.93 GPa, respectively. Under certain conditions, the 
hardness and the yield strength of a material under the uniaxial compression is related by 
σy = H/C, where σy is the yield strength, H is the hardness, and C is a constant depending 
on the ratio of the elastic modulus to yield strength and the indenter geometry [103]. 
Based on this relationship, the yield strength of Cu- and Fe-based films is estimated to be 
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around 2.43 GPa and 3.31 GPa, respectively, when C is 3. The value is somewhat higher 
than bulk Cu- and Fe-based metallic glasses. For example, the Cu60Zr20Hf10Ti10 metallic 
glass has the yield strength of 1.96 GPa, which is slightly smaller than the film hardness 
[133]. The measured elastic moduli of the Cu- and Fe-based films show relatively good 
agreement with the literature values [133-136]. 
 The observed hardness discrepancies may be due to the compositional and 
microstructural differences between the film and the bulk counterpart [53,81,137,138]. 
Due to the different sputtering yields of different elements, the composition of the as-
sputtered films will be different from that of the target [114]. At the same time, the as-
sputtered films contain nanocrystalline phases in the amorphous matrix. With the in-situ 
formation of nanocrystalline phases dispersed in the amorphous matrix, the elastic 
modulus and hardness can be increased. Sufficient published data have shown that the 
nanocrystallites-dispersed metallic glasses exhibit the high strength and good ductility 
[53,137]. For the Zr53Ti5Ni10Cu20Al12 alloy, the annealing-induced nanocrystals increased 
the yield strength from 1,490 MPa to up to 1,820 MPa, and the plastic strain up to 2.5% 
[138]. The stress concentration in the vicinity of the nanocrystals may promote the 
formation of multiple shear bands, and hinder the propagation of a single critical shear 
band. Therefore, the deformation becomes more homogeneously distributed over the 
material, because more shear bands are formed to carry the plasticity, and, thus, a high 
ductility is achieved [137]. Yet, the enhancement of the strength and ductility strongly 
depends on the nature of the nanoparticles, including their brittleness, particle size, 
volume fraction, and annealing process [53,137,138]. 
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4.2.3 A microscratch study of the Zr-based metallic-glass thin film 
 According to the previous research, the 200 nm-thick Zr-based metallic-glass 
films delivered the highest improvement in the fatigue life of 316L stainless steel. In 
order to investigate the deformation/fracture mechanisms, this material system will be the 
research focus of the current study. Since a good adhesion between the film and the 
substrate can not only prevent film delamination, but also transfer the favorable 
mechanical properties of the film to improve the surface performance. Therefore, the 
study of the film/substrate adhesion is of great importance for the fatigue-mechanism 
study. 
 A scratch test is widely used to investigate the tribological behavior, including the 
adhesion of surface coatings or thin films. In a scratch test, an indenter tip is scratching 
over the surface of the coating to generate a groove under constant or incremental normal 
loads. The tangential force is measured during the test, and the morphology of the 
scratches can be observed simultaneously or afterwards. At a certain critical normal load, 
the coefficient of friction (i.e., the ratio of the tangential force to the normal force) and 
the slope of the penetration depth will exhibit an abrupt change, which may correspond to 
the initial failure of the coating. By analyzing the material deformation and material 
removal during scratch testing with respect to the loading conditions, the friction, wear, 
and interfacial behavior of the coatings can be studied [139,140].  
 Using an AJA ATC2000 radio-frequency magnetron sputtering system, a 200 nm-
thick Zr-based metallic-glass film was deposited on a well-cleaned 316L stainless steel of 
20% cold work [141]. Rectangular steel bars with a dimension of 3 × 3 × 25 mm3 were 
ground with 1,200-grit sandpapers, and polished mechanically to ensure a smooth surface. 
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Using an Asylum MFP3D atomic-force microscope, the root-mean-squares surface 
roughness of the amorphous film is found to be about 4 nm, smooth enough for the 
subsequent microscratch study. The (CSEM) MSTX scratch tester (CSM Instruments, 
Needham, MA) equipped with a diamond spherical indenter was utilized to perform the 
scratch tests on the surface coatings. The radius of the indenter was 10 μm. Different 
ramping-load schemes were used to create the 500-μm scratch tracks, with the normal 
load increasing linearly from the minimum to maximum. In constant load scratches, three 
constant loads ranging from 100 mN to 300 mN were used. A Leo 1526 scanning-
electron microscopy (SEM) (LEO Electron Microscope Ltd., England) was employed to 
examine the morphologies of the scratches. The variation of the frictional force under 
both ramping normal loads and constant normal loads was recorded and correlated with 
the deformation behavior of the coating/substrate system. The deformation behavior of 
the coating was examined with the scanning-electron microscopy (SEM). The adhesion 
behavior of the coating was discussed, based on the friction force measurements and 
SEM observations.  
Figure 28 exhibits the variation of the coefficient of friction (COF) under two 
ramping-load conditions. The starting load is 25 mN, and the maximum loads are 200 and 
250 mN, respectively. The vertical arrows indicate a sharp rise of the COF. It can be seen 
that before this critical value, COF stays at a relatively stable value of 0.2 ~ 0.4, which is 
close to that of Zr65Al10Ni10Cu15 bulk-metallic glass [142]. When the load was further 
increased, the COF suddenly jumped to about 0.6 ~ 0.8, which is close to the value of 
316L stainless steel [142].   
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Figure 29 displays the depth profile and COF of the scratches under a ramping 
load of 25 ~ 250 mN. The inset shows the SEM image of the corresponding scratch track. 
The periodicity in the line profiles and COF can be correlated with the deformation 
morphology in the coating, including the width of the scratch tracks, the pileup amount, 
and the formation of debris. The fluctuation of the residual depth around zero indicates 
that the initial deformation at low loads is essentially elastic within the coating. With the 
further increase of the penetration depth of the indenter, the residual depth increases. 
Once the penetration depth exceeds the coating thickness, the COF abruptly increases, 
and the penetration depth and the residual depth also show a rapid increase. This event is 
marked by a vertical arrow in Figure 29, and the corresponding normal load is 
determined to be 110 mN. When the maximum load is decreased to 200 mN with the 
same scanning speed, the critical normal load is measured to be 111 mN. This trend 
indicates that the maximum normal load has no obvious effect on the critical normal load 
at the same scanning speed. 
With the critical normal load of around 110 mN determined by a ramping loading 
scheme, the constant normal loads ranging from 100 mN to 300 mN were applied. The 
corresponding COF was calculated. When the normal load is 100 mN, the average COF 
is only 0.23, close to the COF of metallic glass [142]. When the normal load is increased 
to 200 mN, the COF jumped to 0.58. However, when the normal load is further increased 
to 300 mN, the COF slightly increases to 0.62. This trend indicates that with the normal 
load increases from 100 mN to 200 mN, the increase of the COF might result from the 
severe deformation of both coating and substrate. Figure 30 is the SEM micrographs of 
the scratching tracks with different ramping loads. Obviously, the surface coating did not 
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exhibit cracking/delamination during the scratches for the normal loads between 25 ~ 100 
mN. With the increase of the maximum normal loads, the scratch tracks expand, and the 
debris along the track sides can be observed. The relatively small amount of debris from 
the scratching and no peeling or flaking of the coating might suggest a high scratch 
resistance and good adhesive strength of the coating.  
 Figure 31 shows the amplified images of the scratch tracks under different 
ramping loading schemes. Figures 31(a) and (b) are the scratch tracks under ramping 
loading from 25 to 100 mN. Some shear bands, which are almost parallel to the sliding 
direction, can be observed. Figures 31(c) and (d) show scratch tracks around the initial 
coating failure area under the 25 ~ 200 mN loading scheme. It is clear that many shear 
bands are formed along the sliding direction with the shear-band spacing in the range of 
hundreds of nanometers. Some microcracks can also be observed. Figures 31(e) and (f) 
exhibit the scratch tracks around the initial coating failure area under the loading schemes 
with 500 mN and 1,000 mN as the maximum ramping loads, respectively. It seems that 
the coating/substrate failed by the formation of debris mainly due to the ploughing 
deformation of the substrate. Figure 32 shows the SEM micrograph of the scratch track 
on the bulk Zr-based metallic glasses. It is clear to see the formation of shear bands with 
large spacings, compared with the film samples, indicating a large plasticity of the 
metallic-glass thin films [48]. 
 During scratching, the penetration depth consists of the contributions from both 
elastic and plastic deformations of the coating/substrate system [143]. The initial 
deformation during scratching is mainly due to the sliding of the tip on the coating 
without significantly ploughing into the substrate, as evidenced by the fact that the initial 
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residual depth fluctuates around zero (Figure 29). With increasing the penetration depth, 
the residual depth also increases. Once the penetration depth of the indenter exceeds the 
coating thickness, the residual depth shows a sudden increase. The friction behavior at 
low and high loads shows similar results as those of the metallic glass and steel substrate, 
respectively. 
 During the scratch test, the indenter tip is drawn across the coating surface to 
generate a groove under constant or incremental normal loads. The scratch-induced 
damage, specifically fracture or delamination, can be detected by in-situ tangential 
(friction) force measurements and/or SEM observation afterwards [107]. With the 
increase of the normal load, the frictional force or COF will exhibit an abrupt change, 
which may be due to the debonding of the coating or due to a significant contribution of 
ploughing effect into the substrate [117]. The load associated with this event is called the 
critical normal load [106,144]. If the failure mode is the coating debonding driven by the 
stress field under the normal/sliding contact, then the critical load can be used as a semi-
quantitative measure of experimental adhesion [106, 144]. The interface work of 
adhesion might be estimated based on the Burnett and Rickerby analysis as shown in 
Equation (9), where Lc is the critical normal load, dc is the track width, E is the Young’s 
modulus of the coating, t is the thickness of the coating, and W is the work of adhesion 
[144, 145]. With the above equation, the work of adhesion could be estimated to be about 
1 kJ/m2, which is a very high value. In fact, a close examination of the scratch tracks does 
not show an obvious delamination or debonding; rather microcracks and shear bands are 
observed. The smooth configuration in the interior of the scratch groove might imply the 
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ductile deformation mode during the scratch test [146]. The small shear-band spacing 
also indicates the good coating plasticity [48, 146].  






π=                                           (9) 
 Under constant normal loading conditions, the COF normally stays at a constant if 
the deformation is mainly occurring in the coating. If the COF exhibits a sudden jump 
when the normal load is increased, it usually corresponds to coating fracture or 
delamination. For the current coating, even though no obvious debonding can be 
observed from the sliding tracks, many shear bands and some microcracks can be seen 
with the increase of the normal load. The formation of the microcracks might facilitate 
the coating fracture eventually. The coating fracture and correspondingly increased 
substrate friction might result in the rapid increase of COF.  
 For bulk-metallic glasses (BMGs), wear is controlled by shear banding, 
microcracking, microfracture, and oxidative processes, which are closely related to the 
deformation modes of BMGs [146-149]. For the current metallic-glass coating, a closer 
examination of the scratch tracks indicates that the coating shows the deformation of 
ploughing at the moderate load levels [147]. The shear bands and some fine cracks can be 
observed along the sliding tracks [Figures 31(b) and (d)]. This trend indicates that the 
nucleation and propagation of shear bands and microcracks are responsible for the wear 
behavior of the metallic-glass coatings at moderate normal-load levels. At higher normal 
loads, the debris is mainly from the steel substrate. The pile-up of material at the sides of 
the scratch is also visible and the amount of pileup increases with the normal load. The 
pile up of material might affect the COF measurement. With the increase of the pile-up, 
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the contact area between the indenter and the test sample increases. Therefore, the lateral 
force during sliding increases, and this trend leads to a higher COF than the actual value 
[147].  
 For the coating/substrate system, a high work of adhesion is always desired. A 
high adhesion strength is realized through the interfacial layer between the coating and 
the substrate. The mechanical properties of the coating and the interfacial-layer properties 
will also affect the adhesion strength significantly. The higher strength and fracture 
toughness will make the coating more difficult to be broken after the delamination and 
buckling [148]. The TEM study on the current coating indicates a high-quality bonding 
between the coating and the steel substrate, where there is an interfacial transition layer 
with the thickness of 5 ~ 10 nanometers and no microvoids or interfacial cracks. The 
atomic intermixing at the coating/substrate interface will promote the metallurgical 
bonding, therefore enhancing the adhesion strength. At the same time, the residual stress 
in a coating will also affect the work of adhesion. A coating with higher residual stresses 
is more easily delaminated and buckled, resulting in a poor work of adhesion [148]. The 
residual stress of the coating was measured to be as low as ~ 88 MPa, which might be 
related to the gradual compositional transition across the interfacial layer [80]. Therefore, 
the high-quality interfacial bonding and low residual stress in the coating/substrate 
interface might be the reasons for the good adhesion. 
 In summary, under both ramping normal loads and constant normal loads, the 
critical loads corresponding to the rapid increase of frictional force or COF were 
identified. Under low normal loads, the coating was deformed by the formation and 
nucleation of shear bands and microcracks. The desirable tribological properties of the 
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coating, including a low coefficient of friction and low wear volume, could provide a 
good protection for the steel substrate. With the increase of the normal load, the coating 
failed eventually with the formation of debris from the displaced coating and substrate. 
The smoothness in the interior of the scratch groove and the small shear-band spacing 
indicate a ductile deformation mode and good plasticity of the coating. The high 
hardness/strength/toughness of the coating, the good interfacial bonding, and low residual 
stress in the coating may lead to a wide range of applications of metallic-glass films. 
4.3  A fatigue-behavior study of the film/substrate systems 
4.3.1 Effects of metallic-glass films on fatigue behavior of the 316L stainless steel 
 Austenitic-stainless steels represent an important class of materials which possess 
excellent cryogenic properties and good high-temperature strengths. Their mechanical 
properties are comparable to those of mild steels but offer an excellent general corrosion 
resistance in the atmosphere, in many aqueous media and oxidizing acids. Particularly, 
the addition of molybdenum in type 316L provides pitting resistance in phosphoric and 
acetic acids and chloride solutions, as well as corrosion resistance in sulfurous acid [150]. 
The 316L stainless steel is widely used for high temperature, aggressively-corrosive 
conditions, and nuclear-reactor applications. However, in general, stainless steels are 
characterized as having relatively poor wear and galling resistance. The hardness is 
relatively low and can not be hardened by heat treatment due to an austenitic structure 
[151]. This fact has led to the development of a number of surface treatments in order to 
improve their tribological performance without compromising their corrosion resistance, 
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such as nitriding by ion implantation, pulsed plasma nitriding, and plasma immersion ion 
implantation [73]. 
 Therefore, the current study was conducted in order to study the fatigue properties, 
including the fatigue strength and limit, of a 316L stainless steel coated with different 
metallic-glass films deposited by rf magnetron sputtering. The four-point-bend 
experiments were performed with an R ratio of 0.1 at a frequency of 10 Hz. At least three 
samples will be tested at each stress level. The infinite life was specified at a number of 
5×106 cycles.  
 Figure 33 shows the stress-life (S-N) curve of the 316L stainless steel coated with 
a Zr-based metallic-glass film. It can be see that for both the 200 nm-thick film and the 1 
μm-thick film could improve the fatigue life of the steel substrate. The thicker film gave 
even an greater improvement of the fatigue life. Based on the applied maximum stress, 
the fatigue endurance limits of the steel substrate, the substrate with  200 nm-thick film, 
and the substrate with 1 μm-thick film are 700 MPa, 750 MPa, and 775 MPa, 
respectively. At high stress levels, only small beneficial effects of the film on the fatigue 
life can be observed. The improvement of the fatigue lives becomes more pronounced, as 
the applied stress decreases. It is clearly observed that with the coated samples, the 
maximum increase in the fatigue life is attained at low alternating stresses. As the stress 
increases, the improvement in the fatigue life decreases.  
 Figure 34 shows the stress-life (S-N) curve of the 316L stainless steel coated with 
a Cu-based metallic-glass film. The similar trend can be observed. Both the fatigue life 
and fatigue-endurance limit of the steel substrate could be improved by the 200 nm-thick 
film and the 1 μm-thick film. Based on the applied maximum stress, the fatigue 
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endurance limits of the steel substrate, the substrate with 200 nm-thick film, and the 
substrate with 1 μm-thick film are 700 MPa, 750 MPa, and 800 MPa, respectively. At 
moderate stress levels, the improvement of the fatigue life is more obvious, compared 
with that at the higher stress levels. 
 Figure 35 exhibits the stress-life (S-N) curve of the 316L stainless steel coated 
with 200 nm-thickness pure Cu, TiN, Fe-based metallic-glass films. It can be seen that 
compared with the fatigue properties of the steel substrate, neither of the films gave rise 
to any increase in the fatigue life or fatigue endurance limit of the substrate. This trend is 
totally contrary to the phenomena observed in the aforementioned Zr-based and Cu-based 
metallic-glass films. It is also different from some literature results of the similar film and 
substrate combination [73-75]. The difference of the fatigue behavior of the similar 
material systems will be addressed in the following section. 
 Figure 36 shows the SEM fractographs of fatigue-fractured stainless steel with a 
200 nm-thick Zr-based metallic-glass film. The fatigue-crack-initiation and crack-
propagation region could be observed on the fracture surface. The crack seems to initiate 
from the thin film and then propagate inside. The arrow on the micrograph indicates the 
crack-growth direction. A tilted-angle image shows that even after the severe plastic 
deformation and final fatigue fracture, the film remained well adhered with the substrate. 
No observable cracks are found on the film. This is a very good indication of the good 
adhesion between the film and the substrate. The excellent film ductility is able to 
accommodate the deformation during the cyclic loading.  
 Figure 37 displaces the tilted fractographs of the fractured stainless steel with 1 
μm-thick Zr-based metallic-glass film. It is clear that even after the final fracture, most of 
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the film still remains well adhered to the substrate near the crack-initiation site. The 
substrate slip deformation travels to the side surface, causing partial delamination of the 
film from the substrate. However, most of the film still stays well adhered to the substrate. 
The good adhesion between film and substrate is very important to transmit the favorable 
mechanical properties of the film to improve the fatigue resistance of substrates.  
 The fracture surface of the 316L stainless steel coated with the 200 nm-thick Cu-
based film is shown in Figure 38(a). It is obvious that the crack initiates from the film 
surface and propagate inward. Figure 38(b) exhibits the SEM micrograph revealing the 
interface between the substrate and the film. Even after the severe plastic deformation 
and final fatigue fracture, the film stays well with the substrate, indicating a very good 
adhesion. Besides the good mechanical properties of the films, the film adhesion is 
another one of the most important factors to improve the fatigue properties of substrates 
[152]. From the above fatigue results and mechanical-property studies, the Cu-based 
metallic film coated on a stainless steel indicates the possession of these two beneficial 
factors. On certain area near the crack tip, some films flake off where the substrate is 
strongly deformed, as shown in Figure 38(c). For most cases, the Cu-based film leads to a 
more homogeneous slip distribution and prevents highly-localized deformation within 
intense slip bands as observed in the untreated materials. This homogenization of the 
deformation in the substrate can be considered as a beneficial factor favoring the 
resistance of the substrate [153-156]. 
 Figure 39 displays the fracture surface of 316L stainless steel coated with a 200 
nm-thick TiN film. It can be seen that the TiN seems to fracture in a brittle manner, and 
there is a certain area of delamination. As shown in Figure 35, neither of the TiN, pure 
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Cu, and Fe-based film could improve the fatigue resistance of the steel substrate. On the 
contrary, the fatigue life at given stresses decreases. There are many reasons for the 
fatigue resistance decrease, including the tensile residual stresses, the poor adhesion 
between the film and substrate, and the brittleness of the film [157,158]. Therefore, it 
might indicate that the film with high hardness/strength and low ductility, or high 
ductility and low strength may not be able to improve the fatigue resistance of the 
substrate. As for the Fe-based metallic glass film, the intrinsic brittleness may be the 
reason for the fatigue-resistance deterioration although it shows very high 
hardness/strength. 
 In coated materials, the fatigue life is mainly comprised of the stage of the crack 
initiation at the surface of the film, and the stage of the further crack propagation through 
the thickness of the sample. In general, the surface-crack initiation plays a major role in 
the fatigue-controlling behaviors, when the sample is subjected to high-cycle fatigue. 
Since the fatigue life of the coated 316L stainless steel can be improved significantly by 
Zr- and Cu-based metallic-glass films at moderate stress levels, the fatigue-resistance 
enhancement is thought to be mainly due to the lifetime extension during the fatigue-
crack-initiation stage at moderate stress levels. Once a fatigue crack propagates, the thin-
film coating clearly has little influence. At high stress levels, cracks can be formed in the 
early stage of tests and, therefore, the samples fail at low numbers of cycles, with no 
significant effect of the film on the fatigue life. 
 In comparison to the amorphous thin ribbons or bulk metallic glasses, the fatigue 
lives of the Zr- and Cu-based metallic-glass films in the present study are much longer 
[159-162]. Compared with the fatigue-resistance improvement with such coatings as hard 
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films, the enhancement of the fatigue lives in this research is more significant [75]. Many 
reports have shown that in the fatigue tests of amorphous thin ribbons or sheets, an 
incubation period elapsed before a fatigue crack started [91]. Fatigue results of the 
amorphous Ni-P thin films indicate that the fatigue life is dominated by crack initiation. 
Once a fatigue crack starts to grow, the fatigue fracture occurs only after several 
thousands of cycles [18]. For the present study, the fatigue-resistance enhancement is 
mainly due to the lifetime extension that occurs during the fatigue-crack-initiation stage. 
Once the fatigue crack is formed, it will propagate through the thin film to the substrate 
or the interface between the film and substrate. Besides the favorable mechanical 
properties of the films, the residual stresses in the film and the film/substrate interfacial 
adhesion will be of great importance to the fatigue resistance of the substrate. 
 Residual stresses are present in most surface coatings. These can be of 
considerable significance, since they may influence characteristics, such as the resistance 
of the coating to wear and fatigue-crack propagation. Furthermore, there is often a danger 
that the presence of residual stresses may promote debonding and spallation of the 
coating. This trend becomes increasingly likely as the thickness of the coating is 
increased, since the release of stored elastic strain energy can drive this debonding and 
the quantity of energy released per unit area of interface, normally rises more or less 
linearly with coating thickness [163-165]. Depending on the characteristic length scale 
and the stress levels, different techniques including mechanical stress measurement, 
stress measurement by diffraction, magnetic and electrical techniques can be utilized to 
study the nature and magnitude of the residual stress [165-168]. However, due to the 
amorphous nature of the film and the small size (nanometer scale), traditional residual 
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stress measurement can not be applied to the current research and new technique needs to 
be adopted. 
 Based on the measurement of the displacements field arises when a slit is milled 
into the material under investigation, the slit method can determine the residual stress of a 
thin films and surface coatings [169-173]. The displacement field is determined by a 
digital image correlation (DIC) analysis of the scanning-electron microscope (SEM) 
images. Using the focused ion beam (FIB-SEM) workstation, slits can be milled on the 
surface in such manner that residual stresses in the direction along the sample are 
determined. The stress measurement technique used takes advantage of the combined 
milling and imaging capabilities provided by the FIB-SEM workstation (FEI xT 
NovaNanolab). The DIC software analyzed two sets of SEM images for each slit. The 
first set of images that corresponded to the same load state and is used to quantify the 
accuracy of the measured displacement field (the sub-pixel resolution) and the 
displacement noise level (the image quality) [170]. The second set corresponded to the 
different load states of the sample, and is used to evaluate the displacement field. In order 
to enhance the accuracy of DIC analysis, the surface of specimen is decorated with yttria-
stabilized zirconium (YSZ) equiaxial particles of size 20 - 30 nm precipitated from the 
ethanol suspension.  
 After capturing the SEM reference image, a focused ion beam is used to locally 
release residual stresses by milling a thin slit on the specimen surface, as shown in Figure 
40(a). An SEM image of the area in the vicinity of the milled slit is then captured, and the 
DIC analysis between this image and the reference image is performed using a two-
dimensional cross-correlation algorithm implemented in a LaVison DaVis 7.2 software. 
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The number of displacement vectors depends on the size of subimages and the amount of 
image overlap. The result of cross-correlation analysis (the displacement field) is shown 
in Figure 40(b), and it indicates that the surface experiences compressive residual stresses. 
Here, rectangular areas indicate the displacement field used for the stress analysis 
[172,173]. It is a usual practice to average the displacement field data points; that is, an 
average of all results at the same distance from the slit. The averaged ux displacement 
components can be obtained and will be fitted to the reference displacements obtained 
form analytical expression.  
 Based on this method, the compressive residual stress in the 200 nm-thick Zr-
based film on 316L stainless steel was measured to be 2.4 ± 0.7 GPa. For the current thin 
film, this high compressive residual stress is extraordinary since most ceramic coating 
may exhibit the residual stress of this magnitude when the film thickness is in several to 
tens of micrometers. The high compressive residual stress formed in the surface will 
provide a better resistance to cyclic slip on the surface. Therefore, cracks can only initiate 
from the outer surface when the applied stress is increased, or tend to initiate from 
internal discontinuity, such as a non-metallic inclusion under low stress levels [77]. For 
the beam-bending condition, the internal materials will undergo smaller stresses 
compared with the stress levels on the outer surface. Under both conditions, the fatigue 
resistance of the coated materials tends to be improved due to the high compressive 
residual stress in the film.  
 For the thin surface films, the compressive residual stress usually rises more or 
less linearly with coating thickness [163-165]. However, with the increase of film 
thickness, the release of the stored elastic-strain energy as the stresses become relaxed 
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can drive the debonding and delamination of the films, resulting in deteriorated adhesion 
between the film and substrate. Since beneficial mechanical properties of the film can 
only be transmitted to the substrate through good adhesion, a poor adhesion normally 
results in a reduced fatigue resistance. If we compare the fatigue resistance of the Zr- and 
Cu-based films with different thicknesses, it seems that the thicker film gives even 
greater improvement in the fatigue life and fatigue-endurance limit. Although the residual 
stress in the thicker film has not been measured, it is of interest to compare the adhesion 
properties for the thin and thick films. 
 Since the adhesion will determine the reliability and performance of coated 
systems, it is very important to study the adhesion behavior. As a result, many test 
methods, such as peel tests, tape-peel tests, scratch tests, blister tests, and indentation 
debonding tests, have been developed for the adhesion study [174-176]. Although a 
scratch test can give a quantitative study of the adhesion, the relationship between the 
critical normal load and the work of adhesion is based on simplified assumptions. 
Therefore, for simple comparison of adhesion, a tape peel test tends to be a good choice. 
During a tape test, a lattice pattern with either six or eleven cuts in each direction is made 
in the film to the substrate, pressure-sensitive tape is applied over the lattice and then 
removed, and adhesion is evaluated by counting the detached squares . Rate the adhesion 
in accordance with the scale indicating the flaking and detachment [177].  
 With a Model 107 Square Tester, the adhesion results of 316L stainless steel with 
200 nm-thick Zr-based film is rated as scale 1. The area affected is 35% to 65% of the 
lattice. When the film thickness is increased to 1 μm, the adhesion is rated as scale 5. The 
edges of the cuts are completely smooth, and none of the squares of the lattice are 
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detached. This is a good indication that the adhesion increases with increasing the film 
thickness of 316L stainless steel with Zr-based film. The adhesion of 316L stainless steel 
with the Cu-based film is similar to the Zr-based film [98]. The observed adhesion results 
can best explain the greater enhancement of the fatigue resistance by thicker Zr- and Cu-
based metallic-glass films. With the increase of the film thickness, the compressive 
residual stress will increase. The adhesion between the film and substrate is not 
comprised. On the contrary, the adhesion is improved. The improvement of the adhesion 
may indicate that the film thickness is not high enough to affect the compressive residual 
stress significantly, thus, the adhesion is not affected adversely. Since both the high 
compressive residual stress and the good film/substrate adhesion are beneficial to the 
fatigue resistance of the substrates, the coated steels with thicker films tend to exhibit an 
even longer fatigue life and higher fatigue-endurance limit. 
4.3.2 Effects of Zr-based films on fatigue behavior of different substrates 
 With the successful application of the Zr-based metallic-glass film on 316L 
stainless steel to improve the fatigue resistance, it will be of great interest to investigate 
the effectiveness of the method on other structural materials. Therefore, the Zr-based 
metallic-glass film of different thicknesses will be applied onto a C-2000 Ni-based 
superalloy and a Zr-based alloy to examine the effects on the fatigue resistance of those 
two materials. The same rf magnetron sputtering method and four-point-bending fatigue 
experiments will be utilized, and the results will be compared with those from the 316L 
stainless steel. 
 Figure 41 presents the fatigue life and stress (S-N) results of the coated samples 
along with those of the uncoated samples. At high stress levels, almost no beneficial 
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effect of the film on the fatigue life can be observed. The improvement of the fatigue 
lives becomes more pronounced, as the applied stress decreases. The fatigue-life 
improvement tends to be the higher for the 200 nm-thick film, compared with the 1 μm-
thick film. The fatigue-endurance limit improvement also displays this trend. 
 Figure 42(a) shows the SEM image of the fractured surface of the Ni-based alloy 
with a 200 nm-thick film, tested at σmax. = 725 MPa. Three regions, including the fatigue-
crack-initiation, crack-propagation, and final-fast-fracture areas, can be seen. The fatigue 
crack initiates from the surface center of the coated side and propagates inward. Figure 
42(b) presents a SEM micrograph revealing the interface of the film and the substrate. It 
is clear that the film remained relatively well adhered with the substrate after the final 
fatigue fracture, without observable cracks on the film. The good film adhesion with the 
substrate suggests that the enhanced ductility of the thin film can accommodate the 
deformation during the fatigue test under high stress levels. However, if the fatigue-
resistance enhancements of the Zr-based film on a steel substrate and Ni-based alloy are 
compared, the former seems to be even more significant. The possible reason may be 
related to the film adhesion with the substrate. The cross-sectional TEM study of the Zr-
based film deposited on a Ni-based alloy substrate indicates a much narrower interfacial 
layer [118]. It is generally believed that the larger interfacial region results from better 
atomic intermixing and is beneficial for the adhesion.  
 Figure 43 shows the vertical sides adjacent to the tensile side of the fatigue 
samples with and without metallic-glass films, respectively. Typically, a large number of 
slip bands will propagate to the surface and form extrusions/intrusions, which may serve 
as the crack-initiation sites [178]. However, amorphous thin films bonded to the tensile 
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side will block the dislocation pileup and the slip deformation, and prohibit the formation 
of surface offsets. Thus, the fatigue-crack initiation is retarded. For the uncoated samples, 
a large number of slip bands travel to the surface, with the dominant ones causing the 
formation of surface offsets. 
 Figure 44 indicates the configuration of the crack-initiation site. The slip lines 
from the substrate can be seen from a plan view. Figure 44(a) shows clearly that the slip 
deformation of the substrate travels to the outer surface which is also the film side. Some 
severe slip deformation evolves into micro-cracks. When these micro-cracks hit the film 
surface, a delamination site can be identified, which is shown in Figure 44(b). The film is 
fractured and the underlying surface becomes bare. Finally, this region will develop into 
the fatigue-crack initiation site. On the contrary, the interaction between the film and 
substrate slip deformation may induce a homogeneous slip distribution on the surface of 
the substrate. This homogenization of the deformation in the substrate can be considered 
as a beneficial factor favoring the resistance of the film.  
 Under many cyclic-loading conditions, the maximum stress within a component 
usually occurs at the surface. Therefore, the fatigue life is especially sensitive to surface 
conditions, such as the surface roughness [179]. The surface roughness can be reduced by 
the polishing process and film deposition. With the decrease of the surface roughness, the 
stress-concentration sites will be reduced, and the fatigue life can be prolonged. The 
surface-roughness measurements indicate the surface-roughness reduction of the 
substrate due to the film deposition, as shown in Figure 45. Apparently, the rms surface 
roughness decreases from 20.62 nm to 12.17 nm with the 1 μm-thick coating. Therefore, 
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the surface roughness of the coated Ni-based alloy is reduced, which may decrease the 
stress concentration sites and increase the fatigue resistance of the coated sample [160]. 
 Figure 46 displays the S-N curves of the Zr-based alloy with and without Zr-
based metallic-glass films. The overall trend is similar to that of the Ni-based alloy. The 
films of both thicknesses could improve the fatigue life and fatigue endurance limit of the 
substrate. The enhancement of the fatigue life at the same stress levels is more significant 
for the thinner film, which is different from the slight higher improvement of fatigue life 
for the Ni-based alloy. The generation of residual stresses is often related to the thermal-
expansion mismatch or elastic-constant mismatch between the film and the substrate. The 
similar composition between film and substrate tends to diminish the mismatch and 
promote the interfacial bonding strength. Based on the adhesion testing from Model 107 
Square Tester, the adhesion of the Zr-based film to the Zr-based alloy substrate is ranked 
as scale 5, which is an obvious indication of excellent adhesion. However, due to severe 
slip deformation of certain grains with high Schmid factor close to the fracture surface, 
there is still some delamination. As shown in figure 47 (b), the partial delamination of the 
film due to severe slip deformation of the Zr-based alloy can be observed. Figure 47(a) 
shows the fracture surface of the Zr-based alloy with the Zr-based metallic-glass film. It 
can be seen that the crack initiates from the corner of the tensile side and propagate inside.  
4.3.3 Effects of Zr-based films on tensile fatigue of 316L stainless steels. 
 Metallic glasses usually exhibit different plasticity under bending and tension 
loading conditions. With the success of the metallic-glass film to improve the bending 
fatigue resistance of various substrates, it will be important to study the effect of the 
metallic-glass thin films on the fatigue resistance under tension. Therefore, Zr-based and 
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Cu-based metallic-glass thin films are deposited on 316L stainless-steel cylindrical 
samples, and the fatigue behavior is studied. Figure 48 shows the S-N data of the 316L 
stainless steel tensile bar coated with the Zr- and Cu-based metallic-glass films. Note that 
based on the geometry of the notch, a stress-concentration factor (Kt) of 1.55 is utilized to 
calculate the maximum applied stress. It can be seen that with the application of the films, 
the fatigue life at given stress levels does not change obviously. Figure 49(a) shows the 
fractured surface of the steel bar without the film after tension fatigue. It is obvious that 
the crack initiates from the outer surface where the intense slip deformation happens. 
Figure 49(b) displays the enlarged image of the slip steps formed on the side surface of 
the fractured sample. Those slip steps may evolve into crack initiation sites upon cyclic 
loading under high stresses. 
 Figure 50(a) shows the crack-initiation site of the fractured steel coated with the 
Zr-based film, and Figure 50(b) is the delamination of the film from the substrate. It can 
be seen that due to the severe plastic deformation of the steel substrate, the films become 
delaminated and peeled off the substrate. Figure 51 shows the crack initiation site of the 
fractured steel coated with the Cu-based film. Similar peeling and delamination happens 
to the film. This trend might be due to the large difference in the tensile ductility between 
steel and metallic glass. Under higher stress, the steel substrate will undergo large plastic 
deformation, while the metallic-glass film is not able to accommodate the large plastic 
deformation. Therefore, shear bands may form from the interfacial areas and propagate to 
the outer surface of the film. The further deformation will bring about the delamination 
and peeling off of the film from the substrate.  
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 Of course, the observed trend may also be related to the loading conditions, since 
the notched area will result in higher stress and inhomogeneous deformation. At the same 
time, although much research has been done to improve the ductility of metallic glasses, 
almost no successful work has been done on the monolithic metallic glasses. In 
crystalline-amorphous composites or metallic-glass matrix composites, homogeneous 
deformation behavior of nano-scale metallic glasses can be observed [65,66]. However, 
the material and loading condition will be different from the current study. 
4.3.4 Mechanistic understanding of the fatigue-resistance enhancement 
 Fatigue-crack initiation in initially smooth samples of homogeneous ductile 
metals almost always occurs at the free surface as a result of surface roughening and the 
development of a critical surface morphology [67, 180-185]. This critical morphology is 
the result of irreversible dislocation processes occurring during the cyclic slip and 
consists of notches and peaks (intrusions and extrusions) formed at persistent slip bands 
(PSBs) [67]. The majority of the PSBs on the specimen surface are formed during the 
first 20% of the fatigue life, and only small changes in the surface density of the PSBs are 
observed during the rest of the fatigue life [182,183]. The height of the extrusions 
increases continuously during the whole fatigue life. For a 316L stainless steel, the 
maximum height of the extrusions and intrusions can reach 560 nm at the end of the 
fatigue life [183]. It is possible to control the fatigue-crack initiation by modifying the 
specimen surfaces by applying surface coatings or other surface treatments.  
 Based on the above experimental results, the fatigue-resistance enhancement is 
believed to be mainly due to the lifetime extension that occurs during the fatigue-crack-
initiation stage. The high ductility of thin films is one important reason. The interaction 
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between the film and the substrate slip deformation will be the key issue to understand 
the fatigue-resistance enhancement. Since the film is very thin, several different 
techniques, including, focused ion beam (FIB), high-resolution transmission electron 
microscopy (HR-TEM), are employed. Figure 52 shows the interaction of the substrate 
slip with the metallic-glass film observed with the FIB and TEM [186,187]. It is clear 
that the slip deformation in the substrate will travel to the film-substrate interface and are 
suppressed there.  
 Figure 53 shows the well-known Essmann model of PSB emergence at the free 
surface [188]. If the PSB is emerging from the free surface of the 316L stainless steel, the 
height can reach more than 500 nm. The extrusion/intrusion pair may eventually evolve 
into a fatigue crack. Closer examinations of the interaction between the film and substrate 
slip band are realized by HRTEM. Figure 54(a) displays the TEM images showing a 
persistent slip band arriving at the interface between thin film and substrate. Figure 54(b) 
clearly indicates that the interaction between the slip band and film. The slip band does 
not propagate through the film/substrate interface and travel into the thin film. The 
interaction does not cause any thin film delamination. On the contrary, the interaction 
between the slip band and film causes the “initiation of multiple shear bands” [187]. 
Whether those narrow bands in the thin film are shear bands is not clear yet and needs 
further investigation. However, based on the bonded indentation study as shown in Figure 
55, it may indicate that those bands might be the newly-generated shear bands [187]. 
Figure 55 presents the SEM image of a shear-band pattern on the side surface after an 
indentation on a 0.34 mm-thick (Zr55Cu30Al10Ni5)Y1 metallic-glass plate. After 
indentation with a large load, the bottom part of the BMG plate bonded with steel 
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substrate showed straight shear bands in two major directions, nearly perpendicular to 
each other. This trend might be the indication of the shear-band reflection or 
multiplication. If the same behavior happens to the thin films upon the interaction with 
the slip band from the substrate, more shear bands will initiate due to the stress 
concentration caused by the slip band, and this trend will improve the film ductility. The 
film ductility will be very important to the enhancement of the fatigue resistance of the 
coated systems.  
 Wang et al. [66] observed the large plasticity of the nanocrystalline-amorphous 
nanolaminates. They believed that the nanoscale metallic glass layer not only sustains a 
large tensile plasticity itself but is also likely to play the dominant mechanistic role, 
exhibiting an extraordinary capacity to act as both a dislocation source and sink to 
mediate the inelastic shear/slip transfer, while avoiding extreme stress concentrations that 
lead to the fracture initiation. Therefore, it drastically enhances the tensile ductility of the 
entire crystalline–amorphous nanolaminates. Stoudt et al. [67] also believed that the 
film/substrate interface will form a high surface energy barrier to slip that is not defeated 
by the passing of dislocations. 
 Therefore, based on the interaction between the film and the substrate slip 
deformation, a hypothetical fatigue-crack-initiation mechanism is given in Figure 56. 
Dislocation pileups or persistent slip bands, when arriving at the surface, can create 
surface offsets, which are potential sites for fatigue-crack initiation. The Zr- and Cu-
based metallic-glass films can prevent the surface offset because of their high ductility 
and strength. The enhanced ductility of the glass-forming metallic thin film is due to the 
multiplication of shear bands in the thin film, thus preventing the catastrophic failure by 
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the single-shear-band propagation and promoting the thin-film ductility. Therefore, it will 
take more fatigue cycles for the fatigue crack to initiate. The lifetime extension during the 
fatigue-crack-initiation stage will result in the enhancement of the overall fatigue life of 
the coated substrates. Once a fatigue crack finally propagates, the thin film has little 
influence on the fatigue life spent for the crack propagation in the substrate. 
 For a better understanding of the thin-film plasticity and fatigue-resistance 
mechanism, finite-element modeling is needed. Based on the Spaepen’s free-volume 
model, the micromechanical model can be constructed by taking free volume as the 
internal state variable, relating free volume with the plastic-flow equations, and 
simultaneously updating the free volume according to appropriate evolution equations 
[5,189]. The plastic flow equation and the evolution of free volume are coupled together, 
and will be solved by an implicit finite-element method, and, thus, one can conduct 
computational modeling of collective constitutive responses of shear bands. The above 
formulation allows for the examination of the interaction between shear bands and the 
interaction between shear bands and geometric constraints. Figure 57 shows the example 
of a notched plate under a four-point-bending condition, and (b) a crack tip [190]. The 
initiation and propagation of shear bands can be visualized and characterized by the 
contour plot of the free volume. The competition between the interfacial decohesion and 
shear-band initiation will give some rate information related to the fatigue life spent in 
the fatigue-crack initiation process. Of course, the research and investigation along this 




5     SUMMARY AND FUTURE WORK 
 Even though the engineering applications of bulk-metallic glasses (BMGs) as 
structural materials are limited by their low ductility and brittleness, size effects in the 
mechanical behavior of metallic glasses open up an important alternative for the 
application of metallic glasses as thin films. In this research, the application of metallic-
glass thin films by magnetron sputtering to modify the surface performance of structural 
materials has been investigated. The Zr47Cu31Al13Ni9, Cu51Zr24Hf18Ti7, and 
Fe65Ti13Co8Ni7BB6Nb1 metallic-glass films were prepared by rf magnetron sputtering. The 
microstructures of the as-sputtered films were studied by XRD and TEM. It indicated that 
the films exhibit an amorphous matrix with dispersed nanocrystallites. The films 
displayed relatively large supercooled liquid regions and showed good thermal stability. 
 Nanoindentation experiments were performed on the Zr-based film. The film 
showed high hardness and improved plasticity. The film hardness was dependent on the 
strain rate, which could be explained by the increase of the degree of the elastic 
deformation with the increase of the strain rate. With the increase of the indentation depth, 
the coating-substrate interface acted as geometric constraints to block and multiply the 
shear bands. Thus, more plastic deformation occurred to accommodate the indentation, as 
evidenced by the increase of pileups with the increase of the indentation depth. The 
nanoindentation study on the Cu- and Fe-based films indicated a positive strain-rate 
sensitivity, which was contrary to that of the Zr-based film. Due to the high strength of 
the bulk counterparts, the Cu- and Fe-based exhibited even higher hardness. 
 The fatigue behavior of a 316L stainless steel with the metallic-glass films were 
investigated by both four-point-bend and tension-tension fatigue experiments. For the 
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four-point bending fatigue, the Zr- and Cu-based films could improve the fatigue life and 
fatigue-endurance limit of the steel significantly. When the film thickness was increased 
from 200 nm to 1 μm, the improvement was even greater. The slit method was utilized to 
study the residual stress in the 200 nm-thick Zr-based metallic-glass film. It demonstrated 
that the residual stress was compressive with a magnitude of 2.4 GPa. The tape peel test 
showed that the adhesion of the films increased with the increase of the film thickness. 
Therefore, the larger improvement in the fatigue resistance could be observed. 
 For a comparison study, TiN films and pure Cu films were deposited on the 316L 
stainless steel and the four-point-bend fatigue experiments were performed. It turned out 
that neither these films, or the Fe-based film, could improve the fatigue resistance of the 
substrate. The reason may be due to the low ductility in spite of its high hardness for the 
TiN film, the low strength in spite of its high plasticity for the pure Cu film, and the 
brittleness in spite of its high strength for the Fe-based film. A good combination of 
ductility and hardness/strength seems to be needed for the fatigue-resistance enhancement. 
 To examine the effectiveness of the Zr- and Cu-based films on the fatigue 
resistance of other substrates, these films were sputtered on a Ni-based alloy and a Zr-
based alloy. The four-point-bend fatigue results showed that the fatigue life and fatigue-
endurance limit of the substrates could be enhanced by both films. Contrary to the trend 
observed in the steel substrate, the greater improvement was observed in the thinner film. 
This trend might be related to the relatively poor adhesion between the films and these 
two substrates. The improvement of the fatigue resistance was mainly due to the more 
homogeneous distribution of the slip deformation in the substrate. The interaction of the 
substrate slip deformation with the film caused the slip deformation to distribute over 
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more surface areas, although the film may become delaminated or peeled off due to the 
interaction with the severe slip deformation. 
 For the tension-tension fatigue study on the 316L stainless steel with Zr- and Cu-
based films, the results showed that the fatigue behavior of the substrate could not be 
improved. This should be related to the different loading modes and different film 
plasticity under bending and tension. The plastic deformation in the steel substrate caused 
the delamination and peeling off of the films in the early stage of fatigue, and no obvious 
fatigue-life extension could be observed. 
 Based on the experimental results, the fractured surface and samples were studied 
by SEM, FIB, and TEM to identify fracture mechanisms. It indicated that the interaction 
between the film and the substrate slip deformation could induce the initiation and 
possibly multiplication of shear bands. Therefore, an improved film plasticity could be 
seen. Because the films were very thin, once the crack propagated and fractured the films, 
no protection from the films could be realized. Therefore, the fatigue-resistance 
enhancement is thought to be mainly due to the lifetime extension during the fatigue-
crack-initiation process. When dislocation pileups or persistent slip bands arrive at the 
surface, surface offsets could be created, which were potential sites for fatigue-crack 
initiation. The Zr- and Cu-based metallic-glass films could prevent the surface offset due 
to their high ductility and strength. At the same time, the high compressive residual stress 
and good adhesion between the films and substrate suppress the crack propagation and 
film delamination. Therefore, the fatigue resistance could be enhanced significantly. In 
conclusion, the high strength and hardness, improved plasticity, high compressive 
residual stresses, and good film/substrate adhesion played important roles in enhancing 
 81
 
the fatigue resistance. However, if the film/substrate could not possess the 
aforementioned good attributes, the fatigue resistance may not be positively affected.  
 Although a significant enhancement of the fatigue resistance was observed by the 
application of nanocrystallite-containing metallic-glass films, the mechanism of fatigue-
crack-initiation mechanism still needs to be elucidated. The interaction between the slip 
deformation and thin film needs to be theoretically investigated and modeled, which 
might be the important future work for the current study. The deformation and failure 
behavior of the amorphous films need to be studied intensively both experimentally and 
theoretically. Since the high strength and hardness, improved plasticity, high compressive 
residual stresses, and good film/substrate adhesion played important roles in enhancing 
the fatigue resistance, it will be important to find out the dominant factors for the fatigue- 
resistance enhancement. For a better understanding of the deformation/failure behavior of 
the films, thermal annealing of the as-sputtered films will be performed so that the effects 
of the fully amorphous films and the current nanocrystalline-containing films can be 
compared. At the same time, the nanocrystalline/amorphous laminated films may be able 
to improve the mechanical properties of different substrates even more. The research can 
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Table 1. Chemical composition of the 316L stainless steel (weight percent, wt.%). 
Material Content C Mn Si P S Cr Mo Ni N Fe 
Min - - - - - 16.0 2.0 10.0 - bal. 316L 
Stainless 





















Table 2. Chemical composition of the C-2000 Ni-based alloy (weight percent, wt.%). 
Nominal chemistry Ni Cr Mo Cu C Si 





















Table 3. The thermal-analysis results of various metallic-glass films by DSC. The 
scanning rate of Cu51Zr24Hf18Ti7 and Zr47Cu31Al13Ni9 films is 40 K/min. The heating rate 
for Fe65Ti13Co8Ni7BB6Nb1 is 100 K/min. 
 
Film Tg (K) Tx (K) △T (K) 
Zr47Cu31Al13Ni9 758 797 39 
Cu60Zr24Hf18Ti7 710 768 58 



















Table 4. The measured hardness (unit: GPa) with respect to varying indentation 
displacement rate, , and maximum indentation depth, . The coating thickness is h& maxh
2d mμ= . 
                   (nm) maxh
h&  (nm/s) 
100 200 350 1000 
1 - 8.33±0.1 - - 
10 7.61±0.19 8.05±0.08 7.82±0.04 8.21±0.03 
100 - 7.82±0.07 - - 
 100
 
Table 5. The measured hardness (unit: GPa) and elastic modulus (GPa) with respect to 
varying the indentation displacement rates for the Cu- and Fe-based films. 
 
                 Rate (nm/s) 
Film 4 8 40 
Hardness 7.08 7.25 7.53 Cu-
based Elastic modulus 104.44 110.10 109.56 
































Figure 1. Scanning electron microscopy (SEM) images showing the fracture angles 

























a b c d
10%
a: l/d = 2
b: l/d = 1.5
c: l/d = 1
d: l/d = 0.75





































Figure 2. Engineering stress-strain curves of the specimens of a Zr52.5Cu17.9Ni14.6Al10Ti5 




























Figure 3. SEM micrograph showing shear bands in a bent thin melt-spun ribbon with (a) 
small and (b) large thickness. Some of the shear bands on the tension side of the thicker 







































 ZrTiNiCuBe (Conner et al.)
 ZrNbNiCuAl (Conner et al.)
 NiSiB (Zielinski et al.)
 PtCuNiP (Schroers et al.)
 Linear (ZrNbNiCuAl)
 
Figure 4. Average shear-band spacing plotted as a function of characteristic specimen 
























Figure 5. Compressive nominal stress-strain curves obtained for the as-cast 
Ti40Zr25Ni3Cu12Be20 amorphous alloy with different diameters. The inset shows the XRD 
























Figure 6. Dependence of the hardness on the maximum penetration depth, for the as-cast 


























Figure 7. (a) Load-displacement curve for the nanocompression experiment, and (b) 


























Figure 8. Flow stress at 5% plastic strain for all Pd77Si23 columns tested. The open 
symbols, black-filled symbols, and gray-filled symbols indicate columns that are 
deformed by the shear-band formation, homogenous deformation, and both mechanisms, 
respectively. The solid line shows an estimate of the minimum stress required to raise the 











Figure 9. SEM images showing the fracture and delamination of TiN coatings on 316L 

















Figure 10. SEM image of a Pd76Cu7Si17 metallic-glass thin-film microcantilever twisted 














Figure 11. Schematic configuration of a rf magnetron sputter system at the University of 





























Figure 12. Schematic diagram of a rf magnetron sputter system at the National Taiwan 
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Figure 15. The XRD patterns of the (a) Zr-based, (b) Cu-based, and (c) Fe-based 



















































Figure 17. A cross-sectional HRTEM image of the as-deposited Zr-based metallic-glass 














































































Figure 18. The energy-dispersive spectroscopy (EDS) results showing the composition of 
the interfacial layer, the low energy part of the EDS profile, indicating the coexistence of 














Figure 19. (a) A cross-sectional HRTEM image for the as-deposited Zr-based metallic-
glass film on 316L stainless steel substrate, and (b) the nanobeam EDS compositional 











316L stainless steel 
Figure 20. A focused ion beam (FIB) image showing the interface between the Zr-based 
































coating on silicon substrate 
Figure 21. Hardness measured from the nanoindentation technique plotted as a function 
of displacement rate, . The maximum indentation depth, , is about 200 nm . The 
material is a Zr
h& maxh






























coating on a silicon substrate 
Figure 22. Hardness measured from the nanoindentation technique plotted as a function 
of the ratio of the maximum indentation depth, , and the thickness, , of the 









Figure 23. SEM images of the indents obtained at different displacement rates. Indents 
along each row in the x  direction are under the same loading conditions. Shear bands can 













Figure 24. AFM images of indents with max 2.5h mμ=  in (a) and max 1h mμ=  in (c), and 


















Figure 25. Schematic illustration of shear-band arrangements for the indentation into the 

































coating on a silicon substrate 
 
Figure 26. The pileup index,  (defined as the ratio of the maximum pileup height to the 
nominal indentation depth, 
c
( )zc h u a h⎡ ⎤= +⎣ ⎦ , where ( )zu a  is the surface displacement 
at the contact edge (negative if sinking in) plotted as a function of the maximum 































































Figure 28. The coefficient of friction (COF) vs. the scratch distance for ramping loading 


























 Coefficient of friction






















Figure 29. COF and surface profile vs. the scratch distance for a ramping-loading 







































Figure 31. SEM micrographs of the scratch tracks under the loading procedure of 25 - 
100 mN for (a) and (b), under the loading procedure of 25 - 200 mN for (c) and (d), and 
under the loading schemes with 500 mN and 1,000 mN as the maximum ramping loads, 
























 As-received 316L stainless steel
 With 200 nm Cu-based film
 With 1μm Cu-based film
Four-point-bend fatigue test in air
f = 10 Hz, R = 0.1
 






























Four-point-bend fatigue test in air
f = 10 Hz, R = 0.1
 As-received 316L stainless steel
 With 1μm-thick Cu-based film













Number of cycles to failure (N)  

















Four-point-bend fatigue test in air
f = 10 Hz, R = 0.1
 
 
 As-received 316L stainless steel
 With 200 nm-thick TiN film
 With 200 nm-thick Fe-based film











Number of cycles to failure (N)
 
Figure 35. Stress-life (S-N) curve of the 316L stainless steel coated with 200 nm-
























316L Stainless-Steel   300 nm 
Zr47Cu31Al13Ni9 Film 
(b) 
Figure 36. SEM fractography micrographs of the 316L stainless steel with a 200 nm-thick 











316L stainless steel substrate 
 
Figure 37. Fractured surface of 316L stainless with 1 μm-thick Zr-based metallic-glass 
film, (a) relatively good adhesion even at the crack initiation site, and (b) blockage of the 


































Figure 38. (a) SEM fractography micrograph of the 316L stainless steel with a 200 nm-
thick Cu51Zr24Hf18Ti7 film, (b) tilted image showing the film/substrate interface, and (c) 







































316L stainless steel 
x/a ≈ 10 
x/a ≈ 1 



























Figure 40.  The SEM analyzed images of (a) the cross-section of the slit depth, (b) result 














Four-point-bend fatigue test in air
f = 10 Hz, R = 0.1
 With 200 nm Zr-based thin film
  With 1μm Zr-based thin film 













Number of cycles to failure
 


































  (b) 
Zr47Cu31Al13Ni9 film 















Figure 42. SEM images of the fatigue-fractured Ni-based alloy coated with a 200 nm-

























Figure 43. The slip traces appearing in the inclined side adjacent to the tensile side of Ni-






























Figure 44. SEM micrographs showing slip traces appearing (a) on side surface of Ni-









































Figure 45. AFM topography images of (a) Ni-based alloy with rms roughness of 20.62 












 As-received Zr-based alloy
 With 200 nm Zr-based thin film











Number of cycles to failure
 































































Figure 47. SEM images showing (a) the fracture surface of the Zr-based alloy, and (b) 



























 316L stainless steel substrate
 316L steel with CuZrHfTi coating
 316L steel with ZrCuAlNi coating

















Figure 48.  Stress-life (S-N) curve of the 316L stainless steel coated with 200 nm-thick 





































Figure 49. (a) SEM micrograph of the fractured steel tensile fatigue sample, and (b) the 





































Figure 50. SEM images showing (a) crack initiation site of the fractured steel coated with 


































Figure 51. SEM images showing (a) crack initiation site of the fractured steel coated with 

































Figure 52. The formation of slip lines in the steel substrate and the interaction of the slip 
lines with the Zr47Cu31Al13Ni9 metallic-glass thin film as shown in (a) the FIB image, and 
(b) the TEM image. Note that the metallic-glass film might detach from the substrate due 










Figure 53. Persistent slip band (PSB) emerging at the free surface. The dislocation 


















































Figure 54. SEM images showing (a) a persistent slip band arriving at the interface 
between the thin film and substrate, and (b) the interaction between the slip band and film 




















Figure 55. SEM image of a shear-band pattern on the side surface after indentation on a 
0.34 mm-thick (Zr55Cu30Al10Ni5)Y1 metallic-glass plate. The bottom part of the BMG 
plate in contact with the steel substrate showed straight shear bands in two major 











 Shear bands are of critical 
importance to understand the 
fatigue-crack initiation 
Substrate slip bands 
can be suppressed by 

















Figure 56. Proposed mechanisms of delayed fatigue-crack-initiation. Substrate 













































Figure 57. Finite-element simulation of shear-band nucleation and propagation using the 
constitutive law (a) Four-point bending, (b) the competition between the interface 
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